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Summary 
Conjugated polymers and small molecules are a promising class of semiconducting materials for appli-
cation in macroelectronic and energy conversion devices. The development of high performance devices 
employing this class of semicrystalline materials ultimately depends on the precise control of crystalline 
domain size, orientation and connectivity due to the complex nature of their molecular interactions and 
chemical structure. It is therefore of paramount importance to control self-assembly processes of π-
conjugated molecules and polymers into functional microstructures over a wide set of length scales 
suitable for device optimal operation. In the present thesis, we investigated the effect that novel materi-
als design criteria have on the control of the active layer morphology and long-term stability in organic 
field effect transistors and bulk heterojunction solar cells. A first strategy to reduce microstructure com-
plexity in semiconducting polymer thin-films is to separate the contributions to morphology and charge 
transport resulting from different polymer molecular weights. Combined morphological and electroni-
cal characterization revealed a high degree of isotropy in charge transport mechanisms in semicrystal-
line and poorly aggregating conjugated systems as a result of the broad variety of self-assembled mi-
crostructures observed at different molecular weights. Next, we designed and synthesized a new class 
of semiconducting materials based on a flexible linker concept. Initially, we showed the successful 
preparation and purification of a prototype in a class of semiconducting polymer that allows independent 
control over the conjugated segment length and overall chain length by covalently linking low-MW 
conjugated segments with flexible aliphatic linkers. Our flexibly linked polymeric material exhibited 
improved thin-film formation compared to the low-MW starting polymer and unique thermal properties.  
Importantly, our linking strategy had a clear effect on the chain self-assembly and allowed structural 
control between distinct thin film morphologies without altering the chain length. Next we extended the 
flexible linker design motif to small molecule derivatives that are employed in high performance bulk 
heterojunction solar cells. In this study we showed, that active layer degradation under continuous ther-
mal stress can be inhibited by the formation of a more robust thin film microstructure with the additive 
present. Finally, the efficient functionalization of a series of polymeric blocks was successfully used to 
synthetize a new class of alternated multi-block copolymers. The facile nature of the synthetic procedure 
enables high degree of polymerization and offers the possibility to include a large number of semicon-
ducting polymers in block copolymer architectures. Ultimately, when our alternating multi-block co-
polymers are solution processed in thin films, a relatively high degree of self-assembly and micro-do-
mains phase separation is observed at length scale ideal for well-ordered heterojunction needed to im-
prove solar cells efficiency. 
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Sommario  
Polimeri coniugati e piccole molecole sono una promettente classe di materiali semiconduttori per 
applicazioni in dispositivi electronici e di conversione di energia. Lo sviluppo di dispositivi ad alte 
prestazioni che utilizzano questa classe di materiali semicristallini dipende in ultima analisi dal preciso 
controllo delle dimensioni, orientamento e la connettività dei domini cristallini a causa della complessa 
natura delle loro interazioni molecolari e della loro struttura chimica. È quindi di fondamentale 
importanza, controllare i processi di auto-assemblaggio di molecole e polimeri coniugati in 
microstrutture funzionali in una vasta serie di scale di lunghezza adatta per funzionamento ottimale dei 
dispositivi. Nella presente tesi, abbiamo studiato l'effetto che nuovi criteri di progettazione di materiali 
coniugati hanno sul controllo della morfologia dello strato attivo e sulla stabilità a lungo termine nei 
transistori organici ad effetto di campo e nelle celle solari a eterogiunzione. Una prima strategia per 
ridurre la complessità microstrutturale nei film sottili di polimeri semiconduttori è quello di separare i 
contributi alla morfologia e al trasporto di carica derivante dal diverso peso molecolare del polimero. 
Abbiamo rivelato un alto grado di anisotropia nei meccanismi di trasporto di carica e di auto-
assemblaggio in sistemi coniugati semicristallini e semi-amorfi in funzione del loro peso molecolare. 
Successivamente, abbiamo progettato e sintetizzato una nuova classe di materiali semiconduttori basato 
sul concetto di linker flessibile. Inizialmente, abbiamo mostrato il successo della preparazione e 
purificazione del prototipo in una classe di polimeri semiconduttori che consente il controllo 
indipendente sulla lunghezza del segmento coniugato e sulla lunghezza complessiva della catena da 
covalentemente collegando corti segmenti coniugati con linker alifatici flessibili. Il nuovo materiale 
polimerico esibisce una migliore formazione del film sottile rispetto al croti segmenti polimerici di 
partenza e uniche proprietà termiche. È importante sottolineare che la nostra strategia di collegamento 
ha avuto un chiaro effetto sulla auto-assemblaggio delle catene polimeriche e ha permesso il controllo 
delle diverse morfologie a film sottile senza modificare la lunghezza della catena. Il concetto del linker 
flessibile è poi stato esteso a derivati di piccole molecole semiconduttitri che sono impiegati in 
dispositivi fotovoltaici ad alte prestazioni. In questo studio abbiamo dimostrato, che il degrado dello 
strato attivo sotto continuo stress termico può essere inibita dalla formazione di una più robusta 
microstruttura del film sottile con l'additivo presente all’interno. Infine, la efficiente funzionalizzazione 
di una serie di segmenti polimerici è stato utilizzata con successo per la sintesi una nuova classe di 
copolimeri alternati a multiblocco. La  facile sintesi consente un alto grado di polimerizzazione e offre 
la possibilità di includere un gran numero di polimeri semiconduttori in architetture come i copolimeri 
a blocchi. Infine, quando i copolimeri alternati a multiblocco sono processati in film sottili, un 
relativamente elevato grado di auto-assemblaggio e di formazioni di  micro-domini è osservato a 
x 
lunghezze ideali per la formazione di eterogiunzioni ben ordinate che sono necessarie per migliorare 
l'efficienza delle celle solari 
 
Parole chiave  
semiconduttori organici, polimeri coniugati, linker flessibile, auto-assemblamento, morfologia, 
transistore a effetto di campo, caratterizzazione dei materiali organici
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Chapter 1 
 
Introduction 
 
 
 
Organic semiconductors (OSs) constitute a class of  materials envisaged as active components in elec-
tronic devices such as organic solar cells (OSC) for direct conversion of sunlight into electrical power, 
organic light emitting diodes (OLED) for solid-state lighting in displays and organic field effect tran-
sistors (OFET) for large-area flexible circuitries and sensing technologies.[1] While organic electronics 
are not envisioned to replace traditional electronics, they possess many attractive aspects that may com-
plement to existing technology in specific applications.[2] Indeed, differently from silicon-based analog 
devices that require high energy intensive batch manufacturing techniques, organic semiconductors can 
be dissolved into common solvents and processed through well-established solution-based printing 
techniques which could potentially reduce the production cost. Additionally, the prospect of low-tem-
perature processing offered by solution-processed organic semiconductors enables deposition onto plas-
tic and flexible substrates, expanding the versatility and applicability of the related devices.[3] Despite 
their promise solution-processed organic semiconductors are still in a stage of development. At present 
a commonly held view agrees that the performance, uniformity and operational stability achievable with 
organic semiconductors lags behind their traditional inorganic counterparts. In order to maximize the 
potential of organic semiconductors fundamental research and development is required to bring perfor-
mance metrics to commercially-viable levels. A particular area of complexity and interest in the field 
of solution-processable organic semiconductor development is their intrinsic semi-crystalline nature, 
which brings challenges to the preparation of well-ordered, consistent, and high-performance thin film 
devices. Indeed, generally organic semiconductors consist of carbon-based molecular or polymeric ma-
terials with π-conjugated and various other functionalities that exhibit complex noncovalent interac-
tions, i.e. π-π stacking, H-bonding, and Van der Waals forces from which the optoelectronic properties 
(e.g. charge transport) originate. In solid state, macroscale devices based on organic semiconductors, 
the optoelectronic properties are known to be particularly sensitive to the microstructural arrange-
ment/ordering/self-assembly of the semiconducting functionalities. For this reason, a large amount of 
effort has been put forth to control the orientation, size and distribution of ordered regions (among more 
disordered ones) across macroscale thin film devices. Despite the improved physical understanding of 
optoelectronic properties and of the factors that govern the formation of thin film morphology, organic 
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semiconductors still show 1-2 of magnitude poorer electronical properties (e.g. in terms of charge carrier 
mobility, μ) from the values predicted theoretically.[4] Charge carrier mobility in ideal single crystals of 
organic polymers is usually modelled in the context of the acoustic deformation potential scattering 
theory which is based on the assumption that relevant parameters are those only calculated in the π-π 
stacking direction, as transport along the backbone is consider as much faster and therefore not limiting.  
However, significant divergences has been found when comparing charge carrier mobility values for a 
semicrystalline polymer like region-regular poly(3-hexylthiophene) (rr-P3HT) calculated  using differ-
ent models. Particularly, over one order of magnitude deviation was reported between the theoretical 
hole mobility calculated in a perfect rr-P3HT crystal (31 cm2V-1s-1) vs device modeling (1 cm2V-1s-1). 
Despite this organic semiconductors do have a clear advantage over traditional inorganic semiconduc-
tors: the use of organic synthesis is a powerful tool to rationally design and chemically tune their opto-
electronical properties. Currently, organic synthesis is extensively employed to precisely adjust the elec-
tronic structure of organic semiconductors through a fine modifications of the chemical structure.[5] 
However, the power of organic chemistry to tune the unpredictable solid-state morphology of solution-
processed organic semiconductors is limited by our understanding of the precise effect that chemical 
structure has on the self-assembly, crystal packing, domain size and ultimately the optoelectronic prop-
erties in the solid state. Given the paramount importance to control and understand the self-assembly 
processes in solid-state organic semiconductors and the existing limitations in our current understand-
ing, the development of novel synthetic approaches to enable more effective control and optimization 
of the solid-state morphology of organic semiconductors over a wider set of length scales is needed.  
In this context, the current thesis project aims to elucidate the relationship that links fundamental mo-
lecular structure (e.g. polymers’ chain length or molecular weight, and covalent connectivity) to the 
self-assembly motifs, charge transport mechanisms, and crystalline domains microstructures of different 
classes of state-of-the-art conjugated organic semiconductors in solution-processed thin films. It will be 
demonstrated that subtle modifications of molecular structure can strongly influence overall properties 
like charge carrier mobility and macroscopic arrangements as a result of the highly complex nature of 
the interactions occurring in organic semiconductor thin-films. Moreover, the effectiveness of a newly 
developed synthetic strategy—the flexible linker approach—to tailor crystalline domain orientation and 
size while gaining insight into the charge transport dynamics in organic semiconductors devices will be 
presented. Ultimately, the synthetic approach developed herein is further employed to synthetize a new 
class of fully-conjugated alternating multi-block copolymers. Overall in this work, combined morpho-
logical and microstructural investigations, together with optoelectronic device testing are used to gain 
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deep insight into the operation of solution-processable organic semiconductors. In the following sec-
tions, brief reviews of the state-of-the-art organic semiconducting materials that have successfully led 
to improved physical understanding of transport, structure-property relationships and source of mor-
phological instability in organic field effect transistors (OFET) and organic solar cells (OSC) are pre-
sented and will allow us to put the concepts presented in the course of this thesis into perspective. 
 
1.1 Molecular engineering and charge transport in organic semiconductors 
 
Organic materials can adopt a semiconducting behavior when the sp2 hybridization of carbon p-orbitals 
in a double bond leaves a pz orbital free for π-bonding. Electrons in a single π-bond can become delo-
calized through conjugation with surrounding π-bonds, hence allowing charge carriers to delocalize 
over the extent of orbital overlap.[6] Molecular orbital (MO) splitting of each single conjugated molecule 
constitutes already a quantifiable energy difference (band gap) between the highest occupied molecular 
orbital (HOMO) playing the role of a valence band edge and the lowest unoccupied molecular orbital 
(LUMO) as the bottom of the conduction band. Theoretically, when isolated conjugated molecules are 
condensed from the gas phase into crystal, molecular levels split and give rise to electronic bands with 
energy dispersion on the order of few hundred millielectronvolts.[7] Experimental evidence of band 
transport in high purity organic single crystals, such as pentacene and rubrene (generally known as 
arenes), has been largely validated, but the practical application of single crystal organic semiconductors 
(OSs) still remains disadvantageous over inorganic materials. Not only is the electrical performance (as 
quantified by the charge carrier mobility, μ, see Chapter 2) of these single crystals (1-20 cm2 V-1 s-1)[8] 
3 orders of magnitude lower than crystalline silicon (the benchmark inorganic semiconductor), but sin-
gle crystal unfunctionalized arenes are also known to be very insoluble in common solvents—thus not 
offering solution processability. Moreover, because of their relatively high lying LUMO energy level, 
they are also highly unstable in the presence of light and oxygen; they easily undergo photochemical 
degradation which deteriorates their performance.[9] In contrast to single crystals, solution-processed 
OS materials in the thin film format necessarily have defects. Conjugated polymers in particular have 
been widely adopted in the field of OS research as they have superior processing characters. However 
conjugated polymers, especially, are semicrystalline in nature leading to a complex character of overall 
charge transport.[10] Room temperature thermal vibration, structural defects (i.e. bond planarity distor-
tions) or mis-orientations prohibit coherent propagation of charges and lead to localization into elec-
tronic traps.[11] In real materials, MO energies follow a Gaussian distribution with a characteristic 
breadth proportional of the amount of disorder.[12] Charge transport is generally understood in this class 
of materials as hopping mechanism between individual localized states, meaning that charge carriers 
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occupy a single site at a time and are thermally excited to higher energy states from which, via drift or 
diffusion, are again trapped in another localized state. Although the occurrence of defect-limited charge 
transport may be an extrinsic effect (e.g. processing or purification related), there may also be important 
molecular design rules that influence the propensity of certain molecular structures towards the for-
mation of defects. The most successful and widely explored design motifs for high mobility conjugated 
polymers have traditionally favored the formation of semicrystalline lamellar microstructures with 
edge-on polymer orientation (Figure 1-1) similar to that found in regioregular poly(3-hexylthiophene) 
(rr-P3HT, Figure 1-1a).[13] The characterization of the semicrystalline lamellar microstructures in a con-
jugated polymer thin film is typically accomplished by grazing-incidence X-ray diffraction, the results 
of which are shown in Figure 1-1, and will be explained in Chapter 2. The most successful realization 
of long range order in conjugated polymers was reported in poly-(2,5-bis(3-alkylthiophen-2-
yl)thienothiophene) (PBTTT, Figure 1-1b)[14] where efficient charge transport is facilitated by the for-
mation of alternating layers of conjugated backbones separated by layers of interdigitating flexible side 
chains parallel to the substrate plane and a charge carrier mobility as high as 1 cm2 V-1 s-1 have been 
observed.[15] 
 
 
Figure 1-1.Wide angle x-ray scattering images of different high-mobility conjugated polymers. 
Adapted from reference (12). 
 
In recent years, however significant attention have been focused on understanding the charge mecha-
nism occurring in a class of high mobility donor-acceptor (D-A) type polymers.[16] These are usually 
regular copolymers with alternating electron deficient and electron rich units along the polymer back-
bone and exhibit a relatively low band gap which makes them ideal for solar cell applications (see 
chemical structure in Figure 1-2a). Examples of D-A polymers that have received most attention to date 
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are low-bandgap polymers based on electron deficient units of diketopyrrolopyrrole (PDPPBT, Figure 
1-1c)[17] and cyclopentadithiophene (IDT-BT, Figure 1-1d)[18]. The exceptionally high mobilities in 
these materials cannot be rationalized as an extension of the design guideline inspired by the high degree 
of ordered found in semicruystalline polymers like rr-P3HT and PBTTT. Indeed, X-ray diffraction anal-
ysis images in Figure 1-1 of the highest mobility materials show that this class of more disordered 
materials appears nearly amorphous[19] as evidenced by the low diffraction intensity in either the alkyl 
or π-stacking directions (Figure 1-1c and Figure 1-1d). However, a clear understanding of the origin of 
high mobility in disordered polymer is still under debate,[20] but some molecular design requirements 
that appear necessary to achieve high mobility have been outlined.   
  
 
Figure 1-2.  a) Synthesis of PBDTTPD polymer. b) 2D-GIXD images of the face-on orientation with 
branched chains in PBDTTPD c) 2D-GIXD images of the edge-on orientation with linear chains in 
PBDTTPD. Adapted from reference (23). 
 
Evidence of the advantage of coplanar backbone conformation with minimum backbone torsion in this 
class of polymers over more ordered microstructures (PBTTT) has been highlighted in a recent work 
by DeLongchamp et al.[19] by showing that a weakly scattering indacenodithiophene-benzothiadiazole 
copolymer (see structure Figure 1-1-d) could achieve record charge carrier mobility (as high as 3.6 cm2 
V-1 s-1). Charge transport in seemingly disordered films of this polymer has been depicted as almost 
unidimensional and occurring along the rigid backbone with occasional intermolecular hopping through 
small π-stacking regions (Figure 1-1f). Furthermore, a planar backbone conformation and the larger 
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conjugated cores present in DA copolymers are thought to enable chains to pack closely with small π- 
π stacking distances while reducing structural disorder caused by variation in backbone confor-
mation.[21] As recently shown by Beaujuge et al.[22] an important aspect of the molecular design of high 
mobility D-A copolymer relates to the choice of the solubilizing side chains. As shown in Figure 1-2, 
alkyl chain length and chemical structure can largely dictate the self-organization of the polymer during 
solution processing, by exerting an effect on the interchain packing and backbone conformation as much 
as π-π stacking does with conjugated units.[23] Indeed, the striking difference in backbone orientation 
with respect to the substrate have been found to profoundly affect the charge transport mechanism in 
organic solar cells.[24] It is in fact questioned if whether a preferential face-on (see sketch Figure 1-2b) 
or edge on (Figure 1-2c) is preferred in order to optimize transport pathways in devices where charge 
migration occurs either horizontal (OFET) or normal (OSC) to the plane (see Chapter 2 for device 
working principles). Ultimately, additional complexity in understanding disorder and charge transport 
in conjugated polymers is introduced by the fact that nearly all polymer samples are polydisperse and 
contain a distribution of chain lengths.[25] Molecular weight (MW) is very well known to have a strong 
influence in rr-P3HT thin films but receives little or no quantitative attention in all the other polymers.[26] 
[27] The current knowledge on the effect of MW is quite speculative and it is usually understood with 
the charge transport along the chain backbone being far faster than intermolecular hopping. In rr-P3HT 
it has been shown that very low-MW fractions form crystalline aggregates (fibrils) that are poorly con-
nected due to the presence of grain boundaries which in turn inhibit charge hopping between crystalline 
regions[28]. In high MW instead, less crystalline aggregates are bridged between them resulting in high 
mobilities. Thus, the complexity of the microstructure, the ambiguous charge transport mechanism and 
the effect of different molecular weights affect significantly the electronic properties and arise as major 
challenges in the field. [12]  Novel and rational designing guidelines to address this issues would pave 
the way for the next generation of devices, more reproducible and efficient.   
 
1.2 Morphological stability of electronic devices 
 
Beyond the desired high mobility, the long-term stability, in particular, is essential for commercial ap-
plication of OS-based devices. Only recently some attention has been devoted to the development of 
environmentally stable organic semiconductors with constant charge carrier mobility over long-term 
operating conditions and under applied thermal and mechanical stress. In this respect, mechanical prop-
erties of organic semiconductors are attactive features for roll-to-roll large area manufacturing of elec-
tronic devices onto flexible substrates where a high degree of mechanical compliance, together with 
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electronic behavior, is required. Indeed, depending on the molecular structure and thin films’ micro-
structure most conjugated polymers are intrinsically more mechanically compliant than inorganic crys-
talline materials. Some highly crystalline small molecule semiconductors show very little tolerance to 
strain while some polymers can extensively deform. Due to its relatively high degree of crystallinity 
PBTTT thin films exhibit cracks at strains as low as 3%[29],while a similar poly-thiophene, P3HT, owing 
to his 2D semi-crystalline domains nature can be bend and even stretched as high as 150% while main-
taining good electrical performance.[30] Despite the significant need for bottom-up device fabrication 
strategies and the impressive number of already-reported conjugated polymers, only a handful of strat-
egies have been reported to improve plasticity of semiconducting materials. Synthesis of statistical and 
block copolymers of rr-P3HT in which compliant domains of rr-P3OT (C8) are tethered by rigid do-
mains of rr-P3HT (C6) was showed by Lipomi and coworkers[31] as an effective strategy to decrease the 
tensile modulus of the overall film. Physical blending of the pure P3HT and P3OT chains as well, con-
firmed how overall film’s mechanical properties appear to be dominated by the more compliant P3OT. 
While P3HT will almost certainly have a role in the future of organic electronics, they are not anymore 
the highest-performing materials in the literature in terms of charge-carrier mobility in field effect tran-
sistor. Moreover, the alkyl chain blending strategy proposed for P3HT is not directly transferrable to 
other conjugated polymers. In this respect, a more general approach that can be extended to state of the 
art high-mobility polymers is needed to concretely stabilize intermolecular π-stacking charge transport 
network while polymer chains undergo mechanical stress.[32] 
An established method to evaluate the stability of organic materials in devices like OFETs[33] and 
OSC[34] is based on the monitoring of the evolution of their performance (e.g. charge carrier mobility or 
power conversion efficiency) both under repeated cycles of plastic deformation or over a consistent 
period of time (hours or days) at a given temperature in order to accelerate degradation processes (Tann 
= 80°C - 120°C). Changes in the crystal structure arising from expansion of crystal lattices under ther-
mal stress have shown to have also a primary role in the degradation mechanism.[35] In this respect, it is 
well known that, owing to the weak interaction forces, organic semiconductors are likely to change 
crystalline phase, a behavior that is described as polymorphism.[36] Most small molecule semiconductors 
can therefore crystallize in a variety of polymorphs that can yield different crystal orientation and sub-
sequently affect device performances.[37] For example, the effect of temperature on the long-term sta-
bility of a diF-TES-ADT based thin film OFET was showed by Jurchescu et al.[38] This work elucidated 
the influence of polymorphism on the long-term performance of the device. An order of magnitude 
increase in charge carrier mobility was found by promoting the formation of a different polymorph at 
higher temperature, in contrast to the phase normally present at high temperature. More recently, Mc 
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Neill et al.[35] identified a strong correlation between the measured in-plane thermal expansion coeffi-
cient and the mobility of crystalline small molecule that had been annealed and then rapidly quenched. 
Higher mobility was achieved mostly by favoring polymorphs with higher out of plane thermal expan-
sion and smaller in plane spacing between adjacent molecules. Ultimately, the intrinsic stability of the 
semiconducting layer can also be improved by inhibiting degrading chemical dynamics occurring at the 
semiconductor/dielectric interface like electron trapping and oxygen-induced degradation reaction.[33] 
 
 
Figure 1-3. Solar cells morphological stability a) rr-P3HT:PCBM blend prior to annealing, b) annealing 
for 1h at 140°C c) annealing for 1h at 140°C with 17% of polymeric compatibilizer d) chemical structure 
of PBCM dimer e) degradation of solar cell efficiency as a function of annealing time  at 85°C in nitro-
gen atmosphere f) PCBM crystals formed after annealing at 140°C for 1h. The scale bar is set is 2 μm. 
Adapted from references (6) and (44). 
 
In particular, the need to control the thin film morphology under thermal stress is especially important 
for application in bulk heterojunction (donor-acceptor) blends (see Section 2-2 for solar cell working 
principle) present in solar cells where the domain size between the electron donating and electron ac-
cepting phases must be precisely controlled to achieve high power conversion efficiency. Bulk hetero-
junction (BHJ) solar cells have indeed a more pronounced morphological instability compared to OFET 
originating from the non-equilibrium state of the blend (a mixture of two typically immiscible compo-
nents). The formation of the bulk heterojunction is kinetically driven by the phase segregation of both 
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components as well as their crystallization. The morphology can be controlled during device fabrication 
by employing solvent mixtures,[39] adding preferential solvents or post-deposition treatments [40] like 
thermal annealing[41]. However, once the desired morphology is obtained, in order to maintain high 
power conversion efficiency and to avoid device degradation over time it is necessary to “lock in” the 
ideal microstructure (Figure 1-3a).[42] During long operational periods the bi-component blend reaches 
a thermodynamically stable state characterized by full phase separation of the constituting components 
into well separated macroscopic domains with minimal interfacial area as shown in Figure 1-3b. In 
particular,  the commonly-used  C60 fullerene-based electron acceptor species coded PCBM forms mi-
cron-scale crystallites[43] that are expulsed from the blend and that inhibit charge transport to the elec-
trodes (Figure 1-3f). For polymeric solar cells, one of the most used approaches to inhibit fullerene 
phase separation is to chemically crosslink fullerenes[44] or fullerene and conjugated polymer[6b] together 
in the BHJ after deposition. In most cases cross linking the active layer caused a significant performance 
decrease. Recently reported approaches proposed instead the use of PBCM derivatives[45] in the form of 
dimeric additives that were used as additives.[46] Durrant and coworkers[47] showed how a direct addition 
of covalently linked PCBM dimers (see chemical structure Figure 1-3d) in solution with the active 
components prior to deposition was able to provide a more structurally controlled and robust route to 
inhibit PBCM aggregation and stabilize the overall performance of solar cells under thermal stress as 
shown by the stabilization of device performance with the additive present (Figure 1-3e).  
Comparable device performance to the polymer-based systems has now been achieved in bulk hetero-
junctions prepared with molecular semiconductors together with small molecule fullerene derivatives. 
In contrast to conjugated polymer semiconductors, molecular semiconductors have a much stronger 
tendency to self-assemble into highly crystalline domains with unpredictable domain size and higher 
densities of grain boundaries in a thin film. In a particular system with a small molecule donor coded 
DPP(TBFu)2 Nguyen et al.[48] showed that the phase separation of a blend (with PCBM) is exclusively 
driven by the crystallization of the donor phase which suggests its primary role in the formation of the 
initially ideal morphology. However, despite the increase interest in using molecular semiconductors in 
BHJ solar cells and the primary role of the donor phase in the control of the phase separation (in com-
parison to PCBM acceptor) no strategies have been developed to improve the long-term stability of 
strongly phase segregating molecular semiconductors and, more importantly, the direct control over the 
dynamics of molecular donor crystallization has been overlooked.  
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1.4 Scope of the thesis 
 
From the examples presented in the previous introduction sections it is evident that our understanding 
of structure-property relationships between rational molecular design and device performance in semi-
crystalline organic semiconductors is still highly empirical and challenged by the resulting microstruc-
tural complexity. We believe that the fine tuning currently used to adjust the electronic and structural 
properties of conjugated polymers often insufficient to optimize the overall device performance. In-
stead, obtaining new fundamental insights through a macromolecular synthetic approach operated on 
model organic semiconductors may lead to the design of new classes of compounds with unprecedented 
features and ultimately bring more concrete contributions on device characteristics. Since the early stage 
of this research, the intrinsic complexity of polymeric systems in terms of MW dependent charge carrier 
mobility, transport mechanism and resulting morphology has been considered as a limiting factor in 
understanding fundamental dynamics occurring in high performance devices. However, the preparation 
of polymers with low chain length distributions is still not achievable and the synthesis of new poly-
meric materials with well-controlled microstructural properties is subject to the established synthetic 
pathways.[49] In the present thesis, we therefore aim to shed some light into these general limitations 
related to the design and function of organic electronic materials. Herein, we develop synthetic strate-
gies at macromolecular level to tailor the active layer’s morphology while analyzing film formation 
properties and charge transport in OFET and OSC. The main aspects that will be addressed in the course 
of this thesis are: 
1. Reducing microstructure complexity in semicrystalline and low-bandgap polymers by select-
ing precise chain length and understanding the relationship that links molecular weight, charge carrier 
transport mechanisms and morphology in the resulting thin-films. Understanding the role of chain 
length distribution (polydispersity, PDI) and providing new strategies to overcome grain boundaries in 
crystalline thin films (Chapter 3 and Chapter 4). 
 
2. Understanding the role of intramolecular and intermolecular charge transport in thin films pre-
pared with a semicrystalline polymer through the use of a synthetic model polymer where conjugation 
segment length and length of the entire chain can be independently controlled (Chapter 5). Enhancing 
film plasticity against mechanical and thermal stress, while maintaining constant charge transport is the 
key to ultimately improve long-term stability of organic electronic devices (Chapter 6). 
 
3. Developing new synthetic approaches at the macromolecular level towards new materials with 
enhanced structural control for future generation of opto-electronic devices (Chapter 7).  
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Chapter 2 
 
Experimental methods 
 
 
 
2.1 Field effect transistors 
 
In the introductory chapter, the strong dependence of the final device performance on the morphology 
of solution-processed small molecule and conjugated polymer based organic semiconductors was intro-
duced. These effects are commonly investigated in thin-film transistors (TFTs) which are of great tech-
nological interest since they are one of the elementary component of thin film electronic while being a 
straightforward method to calculate the charge carrier mobility of a semiconductor. Organic field effect 
transistors (OFETs) allow the study of charge carrier transport in materials with great control over the 
processing conditions, thin film morphology, and charge densities while allowing in-situ physical char-
acterization. OFETs are typically p-type (holes transporting devices) that are composed of a source and 
a drain electrode both in contact with the organic semiconductor (Figure 2-1 for a device schematic and 
basic operating principles). A dielectric layer insulates the organic layer and the electrodes from a gate 
electrode. Modulation of the negative voltage applied to the gate electrode (Vg) controls the amount of 
charges (holes) created in the organic semiconductor. The holes migrate to the accumulation layer at 
the interface between the semiconductors and dielectric, and are swept out of the device upon applica-
tion of a voltage (Vds) between the sources and drain electrode. Gate voltage modulation switches the 
device ON or OFF with the ON current (Ion), the voltage required to turn the device ON (Vth) and the 
charge carrier mobility (μFET, explained below) being figures of merit for the electrical performance of 
the semiconducting material and the final device. High performance organic semiconductors are de-
signed to maximize both charge injection and charge transport. Firstly, organic semiconductors elec-
tronic structure has to be suitable for holes/electron injection/ at moderate applied electric fields. The 
active layer should be free from impurities that can act as charge traps and uniformly cover the whole 
channel length. The crystal structure of the semiconducting material must provide extended orbital over-
lap, i.e. through π- π stacking, to allow efficient charge percolation between adjacent molecules over 
long distances. On the other hand, because charge transport occurs along the first layers of materials, it 
is extraordinarily sensitive to the properties of the buried semiconductor/dielectric interface.   
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2.1.1 Transistors Fabrication 
In the present thesis, bottom gate-bottom contact configuration field effect transistors were fabricated 
by spin coating under inert atmosphere onto n-doped silicon microchips with 230 nm SiO2 gate dielec-
tric  (C = 18 nF/cm2) and interdigitated 30 nm gold source and drain contacts (Generation 4 devices 
from Fraunhofer-Gesellschaft). Substrates were cleaned through a cycle of sonication in acetone, water 
and isopropanol and dried with a filtered air gun. Prior to film deposition, the cleaned surfaces were 
subjected to a UV Ozone treatment. Substrates surface was functionalized with octadecyltrichlorosilane 
(OTS-18) under inert atmosphere by immerging them in 10 mM solutions in toluene for 15 min at 60°C 
and then rinsed with fresh toluene solution before being dried with argon. The resulting surface hydro-
phobicity was assessed by contact angle measurements, resulting in an angle > 105° with H2O. Polymer 
solutions were prepared under inert atmosphere with the dried polymers powders dissolved in the dried 
solvents (AcroSeal). Typical solution concentration were ranging from 5-10 mg/ml for conjugated pol-
ymers and 10-20 mg/ml for small molecule thin films. The totality of the TFTs prepared here were 
processed by spin coating onto the prepared substrates. Spin rate was set between 500 and 1000 rpm for 
polymer TFT and from 1500-2000 rpm for small molecules TFT. The total spin time was time was 
approximately 1 minute.  
 
Figure 2-1.  Geometry of a bottom gate-bottom contact organic thin film transistor, with ITS surface 
treatment. Typical device characteristic are defined as transistor width (W) and length (L). 
 
2.1.2 Measuring device characteristics. 
 Electrical characterization was performed with a dual channel Keithley 2611 sourcemeter controlled 
through a custom Labview software. During extrapolation of the charge carrier mobility, a gradual 
channel approximation is assumed. At low gate voltages, the extracted current are proportional to the 
applied drain voltages, thus the transistor operates in linear regime. The measured source-drain current 
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is dependent on the device geometry with W being the channel width, L channel length, Ci the capaci-
tance of the dielectric layer, the gate voltage Vg, the threshold voltage Vth, the drain voltage Vds and the 
intrinsic mobility of charge carrier μFET, in the material under investigation, as shown in Equation (2-
1): 
 
??? ?? ??
?
? ?????? ? ??????? 
 
(Eq. 2-1) 
At higher source-drain voltages (Vds > Vg-Vth) the current in no longer dependent on the drain voltage, 
as shown in Equation (2-2) and the transistor enters in the saturation regime: 
 
??? ?? ??
?
???????? ? ????
? 
 
(Eq. 2-2) 
 
Typical output characteristics (Ids vs Vds) and transfer characteristics (Ids vs Vg) are shown in Figure 2-
2. To characterize the devices, transfer characteristics were collected under nitrogen atmosphere and 
mobilities in the linear regime were determined according to the relationship given in Equation 2.3: 
 
???? ?? ?
???? ? ?
?? ????? ? ??
 
 
(Eq. 2-3) 
 
where mlin is the slope of the transfer curve at high Vg, with a Vd of -10V, as shown by the dotted line. 
Motilities in the saturation regime instead were determined according to Equation (2.4). 
 
???? ?? ?
????? ? ??
?? ?????
 
 
(Eq. 2-4) 
where msat represents the slope of Ids (1/2) vs Vg at high Vg, marked by the dotted lines in Figure 8c. 
Comparable mobilities calculated in the linear and saturation regimes assure that the applied models are 
consistent with device operation. The threshold voltage (Vth) is estimated from the transfer curve in the 
saturation regime and the x-intercept (B) of the extrapolated linear fit of the curve at high Vg as derived 
from equation (2-5).  
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(Eq. 2-5) 
The Ion/Ioff ratio is best estimated from a transfer curve in the saturation regime on a logarithmic scale. 
The value for Ion is defined as the value where the curve begins to flatten and the value for Ioff is defined 
as the lowest current measured. Leakage currents are measured in the subthreshold region. 
 
 
Figure 2-2. Example transistor characteristic for an OFET device a) Output characteristic for 0 V < Vg 
< -60 V. b) Transfer characteristics in the linear regime (Vds = -10 V) c) Transfer characteristic in satu-
ration regime (Vd = -60 V), shown on in a linear scale.  
 
2.2 Bulk Heterojunction solar cells 
2.2.1 Parameters of a Solar cell.  
The overall performance of a solar cell is measured from its J-V curve (Figure 2-3), with J being the 
current per unit area of the cell, i.e., the current density. Typical parameters like the short-circuit current 
density (Jsc), the open circuit voltage (Voc), and the fill factor (FF) can then be extracted from the J-V 
curve. The Jsc is representative of the amount of charge carriers extracted from the cell at short circuit, 
i.e. when both electrodes are put in direct contact without any load resistance. It is generally argued that 
Jsc can be increased with improved light absorption, charge separation and extraction. The Voc instead 
represents the potential energy of the charges at open circuit. In organic solar cells (OSC), the Voc is 
found to be related to the energy difference between the lowest occupied molecular orbital (LUMO) of 
the acceptor component and the highest occupied molecular orbital (HOMO) of the donor minus a -0.3 
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V correction factor. The FF represent instead the ratio of the maximum power of the cell over the ‘ideal 
power’ that correspond to the product Jsc x Voc. Ideal cells are characterized by FF = 1 and the J-V curve 
is rectilinear. The maximum efficiency of the device at converting sunlight into electricity is called 
power conversion efficiency (PCE) and it is normally calculated from Eq. (2-6), and corresponds to the 
ratio between the maximum power produced in the device (Pmax out) and the incident power (Pinc). 
      
?????????????????????????????????? ? ???????????
? ?
??? ? ???
????
? ???? ? ??? ? ???????
 
(Eq. 2-6) 
 
Figure 2-3 Typical J-V curve of a solar cell in the dark and under illumination 
 
2.2.2 Charge generation in solar cells. 
The absorber layer of a state-of-the-art organic solar cell is made of so-called electron donor and accep-
tor molecules. A schematic diagram of the energy levels a typical donor-acceptor system is shown in 
Figure 2-4. It is generally accepted that in organic semiconducting materials bound neutral electron-
hole pair (excitons) are generated upon photon absorption. Given the low dielectric constants of organic 
materials (εr = 3-4), Coulombic interactions between charged species are stronger in carbon based ma-
terials. Excitons in organic materials have binding energy up to 1 eV, which is far higher than the ther-
mal energy at ambient temperature (25 meV). For this reason a dissociation of the exciton into free 
charges that can originate electrical current inside the device is very unlike under ambient conditions. 
Hence, the most used strategy to facilitate exciton separation into free-charges is to combine a donor 
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with an acceptor material. The position of the energy LUMO levels (Figure 2-4b) and the electron af-
finities of the two components identify the donor and acceptor materials and creates the driving force 
for the rapid transfer of an electron from the donor to the acceptor. It is commonly accepted that the 
general mechanism for energy conversion in organic photovoltaics can be divided into 5 steps (Figure 
2-4a): (i) light absorption in the donor and acceptor phase produces an exciton; (ii) the neutral exciton 
diffuses through the material; (iii) at the donor-acceptor interface the exciton can form a charge transfer 
(CT) state, i.e. an electron is in the acceptor phase and the hole remain in the donor phase;  (iv) the CT 
state splits into free charge carriers; (v) the charges travel through the respective phases and collected 
at the electrodes.  
 
 
 
Figure 2-4. Mechanism of charge generation in organic photovoltaics depicted in a) the active layer 
and b) the corresponding energy diagram. Five steps have been emphasized: (i) light absorption, (ii) 
exciton diffusion to the interface, (iii) exciton splitting occurring in the charge transfer state (CT), (iv) 
free charges state formation and (v) charge transport to the electrodes. 
 
All the aforementioned processes have been shown to be highly dependent from the morphology pro-
duced during film formation at the microscopical level. As illustrated in Figure 2-4c the first reported 
device composed of a p-type and an n-type organic semiconductors was characterized by a planar het-
erojunction where excitons were formed in the whole thickness of the active layer but only a small 
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fraction was split at the interface.[50] The interplay between the exciton diffusion length and the absorp-
tion coefficient limited the power conversion efficiency (~ 1% PCE). A breakthrough in the field was 
brought by Heeger et al. with the introduction of the bulk heterojunction in which randomly interpene-
trating donor-acceptor phases were homogeneously distributed within the active layer the active 
layer.[51] In this generation of solar cells (Figure 2-4d), the active layer morphology was characterized 
by increased interfacial area and reduced domain sized. Moreover, the probability for the exciton to 
reach the interface was remarkably improved and PCE approaching 11% have been reported nowadays. 
[52]However, charge transport in bulk heterojunction solar cells still remains unoptimized and highly 
unpredictable due to the presence of grain boundaries and a large distribution in domain size. For this 
reason an “ordered heterojunction”, like in Figure 2-4e, characterized by a large interfacial area and 
ordered charge percolation pathways to the electrodes has been envisaged as a potential strategy to 
improve devices’ energy conversion. 
 
2.2.3 Bulk Heterojunction solar cells Fabrication.  
Solar cells were fabricated with a 35-nm layer of PEDOT:PSS (Ossilla M 121 Al 4083) deposited and 
annealed (130°C) for 30 minutes on a plasma-treated  glass substrate patterned with 300 nm of ITO. 
The BHJ active layer was spin-cast at 3000 rpm from a solution of DPP(TBFu)2 and PC61BM in chlo-
roform at a total solids concentration of 20-30 mg mL–1. The active layers were determined to be ap-
proximately 90-nm thick using a Bruker Dektak XT profilometer. An 80-nm-thick aluminum cathode 
was deposited (area 16 mm2) by thermal evaporation (Kurt J. Lesker Mini-SPECTROS). Solar cells 
were left overnight under vacuum to eliminate solvent traces and subsequently annealed on a tempera-
ture controlled hot plate under nitrogen atmosphere and quickly quenched onto a cold surface. 
 
2.2.4 Measuring device characteristics.  
Electronic characterization was performed under simulated AM1.5G irradiation from a 300W Xe arc 
lamp set to 100 mW cm2 with a calibrated Si photodiode (ThorLabs). Current-voltage curves were 
obtained with a Keithley 2400 source measure unit through a custom Labview interface. Testing was 
performed in a nitrogen filled glovebox. 
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Figure 2-5. Architecture of a standard bulk heterojunction solar cell. 
 
2.3 Microstructural characterization 
2.3.1 Techniques based on X-ray diffraction.  
X-ray scattering measurements are extensively used to provide detailed information about the molecular 
packing structure, crystallinity, orientation and size of crystalline domains throughout the whole film. 
Additionally, because of the non-destructive nature of this technique, there is significant interest in per-
forming in-situ measurements on working devices and directly link crystalline texture with electronic 
properties. X-ray scattering experiments are usually performed on thin films in small angle x–ray scat-
tering regime (SAXS) or wide angle x–ray scattering regime (WAXS). Wide angle experiments are 
typically used to probe molecular dimensions (0.1-10 nm) and provides information exclusively on the 
short range order like π- π or lamellar stacking. SAXS instead probes long correlation length (typically 
> 10 nm) and can be performed also on non-crystalline samples that still have different domains chem-
ical composition. X-ray scattering from thin films of polymers is weak due to the low scattering strength 
of carbon atoms and the disordered nature of the films. For this reason Synchrotron facilities provide 
enough intensity to produce significant scattering signal over reasonable experimental times. Here the 
very basics of X-ray diffraction are discussed, but the reader is referred to other texts for a more detailed 
explanation.[53] 
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2.3.2 Theory of x-ray diffraction. 
 The physics behind X-ray diffraction is based on the coherent scattering of outgoing radiation beams 
from well-ordered lattice planes as described by a derivation of Bragg’s law on constructive interference 
of reflected waves. As shown in Figure 12 the two waves are reflected off adjacent atomic planes. Con-
structive interference occurs when the outgoing waves have the same phase. For incoming radiation 
with wavelength λ, incident angle θ, and interplanar spacing d, it follows that: 
??? ? ???? ? ????????? 
 
???????????????????????????????????????????????????? ? ?????????                        Bragg’s law 
 
(Eq. 2-7) 
  
with ?? being the incident angle for which Bragg condition is satisfied and is called the Bragg angle. 
 
               
Figure 2-6. Derivation of Bragg’s law in real space based on the requirement for constructive interfer-
ence of incoming beams.  
 
A conventional way to think about diffraction is by thinking in reciprocal space. In brief, all crystal 
lattices in real space have a corresponding lattice in reciprocal space which is described as a set of all 
vectors Gm that satisfy the identity for all lattice point position of the Bravais lattice vector R in real 
space. 
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?? ? ??? ?? ??? (Eq. 2-8) 
  
For an infinite three dimensional lattice, defined by its primitive vectors (a1, a2, a3), its reciprocal lattice 
can be determined by generating its three reciprocal primitive vectors as described below: 
?? ? ?? ? ? ?? ? ?? ? ? ?? ? ?? ? ?? (Eq. 2-9) 
 
Where 
?? ?
?? ? ??
?? ? ??? ? ???
? 
?? ?
?? ? ??
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The general reciprocal lattice vector is defined as follows: 
 
???? ? ??? ? ??? ? ??? (Eq. 2-10) 
 
Where h, k and l are the Miller indices used to designate planes within a crystal. The integral value of 
????has a reciprocal relationship with the interplanar spacing (dhkl). Diffraction data throughout this 
thesis will be presented in reciprocal space, so it is necessary to define the scattering vector, q, as shown 
in Figure 2-7.   
Bragg condition is satisfied when the scattering vector q, intersects the reciprocal lattice point, whose 
position is defined by the general reciprocal lattice vector Ghkl as defined as follows:  
?? ?? ?
??
? ??????? ? ???????? 
(Eq. 2-11) 
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Figure 2-7. Relationship between incoming vector k0, outgoing vector k and scattering vector q. 
  
Accordingly, an alternative representation of Bragg’s law is given in Equation and has been used to 
calculate the characteristic lamellar spacing between polymer chains. 
?? ?? ?
??
????
 
(Eq. 2-12) 
Much of the work presented in this thesis is dedicated to compare thin microstructural features in recip-
rocal space as a function of chain length, thermal treatments and molecular design.  
 
2.3.3 Specular diffraction measurements with laboratory sources. 
These measurements are used to investigate periodicity existing out-of-plane of the substrate. Specular 
X-ray scattering is performed with a standard Cu-Kα x-ray source (0.15418 nm) on a Bruker D8 Ad-
vanced goniometer using grazing incidence conditions with an incidence angle of 0.2°, a scan speed of 
0.05 degrees min–1 and a Lynx Eye linear detector. The beam defining slits between the incoming beam 
and the sample, v0-gap and h0-gap, are both set as V5. A “Detector scan mode” is used to obtain high 
resolution peak position and peak shape analysis, but due to the low volume of crystalline material 
investigated (within qz = 0.03° of the surface normal) it does not give complete information about the 
whole film microstructure. The detailed geometry of a specular diffraction setup is shown below. 
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Figure 2-8. Grazing incidence X-ray diffraction geometry operated with a laboratory source. The in-
coming beam lies nearly in the plane of the substrate ( incidence angle α = 0.2 °) and q is the scattering 
vector, oriented perpendicular to the substrate for out of plane diffraction. Only beams diffracted from 
crystallites with 0.03° of orientational distribution are collected by the detector. Multiple orders (qn) can 
be detected. 
 
2.3.4 X-ray diffraction with synchrotron radiation.  
Measurements of two dimensional X-ray scattering were carried out at the European Synchrotron Ra-
diation Facility on beam line BM02 and at ANKA Lightsource at KIT on beam line PDIFF. All the 
materials were prepared in our lab and processed in films (< 100 nm) through spin-coating procedure 
from solution. Films are typically spin-coated on Si wafers with surface treated native oxide as in real 
transistor devices in order to have a high quality and appropriate surface of reference. 
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Figure 2-9. Geometry of grazing incidence with a two-dimensional image plate detector.[15]  
 
The grazing incidence angle is optimized to maximize diffracted intensity from the film. Wide angle 
grazing incidence of in-plane and out-of-plane diffraction was carried with a 0.15° incidence angle 
(above the critical angle of polymer samples  a = 0.08°) and an incident energy beam at 12.7 keV, 
corresponding to a photon wavelength of 0.0978 nm with the 2D detector and point detector .The sample 
was placed at a adjustable distance ranging from 18 mm to 30 mm form the 2D-detector with the exact 
distance calibrated using LaB6 standard. The in-plane component of the scattering vector projected on 
the detector is qxy, and the vertical component is qz. The 2D patterns displays a large but not accurate 
view of the reciprocal space due to distortion and the low resolution of the 2D detector, so there diffrac-
tion patterns are not ideal for quantitative measurements. The detailed geometry of a 2D grazing inci-
dence X-ray diffraction is shown in Figure 2-8. 
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Chapter 3 
 
     Effects of molecular weight on microstructure and 
carrier transport in a semicrystalline poly(thieno)thi-
ophene 
 
3.1 Introduction 
 
A prototype semicrystalline polymer that has emerged as promising candidate for application in solu-
tion-processed organic field-effect transistors (OFETs) is poly-(2,5-bis(3-alkylthiophen-2-yl)thienothi-
ophene) (PBTTT).[14a] The dodecyl (C12), tetradecyl (C14) and hexadecyl (C16) versions of PBTTT have 
demonstrated p-type field-effect charge carrier mobility, μFET, up to ca. 1 cm2 V–1 s–1.[15, 54] While this 
represents a leading performance for this class of materials, it remains in contrast to the expected value 
for p-type charge carrier (hole) mobility in perfectly crystalline PBTTT, which has been estimated to 
be at least an order of magnitude greater (up to 20 cm2 V–1s–1).[4] Understanding and controlling the 
charge transport in conjugated polymer semiconductor thin-films remains a challenging fundamental 
goal that is complicated by the coexistence of crystalline and amorphous domains, crystallite size, and 
grain boundaries. One potential strategy to reduce microstructure complexity in semiconducting poly-
mer thin-films is to separate the contributions to morphology and charge transport resulting from dif-
ferent polymer molecular weights (MW). Indeed, typical conjugated polymers prepared by step-growth 
methods have polydispersity indices (PDI = weight average molecular weight/ number average molec-
ular weight, or Mw/Mn) around 2 indicating that chain lengths of significant disparity are present. How-
ever, despite a few examples,[26, 55] examining the molecular weight dependence on the microstructure 
and charge carrier mobility has been mostly overlooked. In this work we investigate MW effects on the 
microstructure and electronic properties of PBTTT-C12-based thin-film transistors (TFTs) using sam-
ples with narrow PDIs and a broad range of different MWs. Also, in an effort to improve the perfor-
mance of devices prepared with low MW PBTTT and to gain further insight into MW dependent charge 
transport mechanisms, we investigate a strategy based on blending highly crystalline low-MW fractions 
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with small percentages of high-MW fractions. This results in a facile route to increase both processa-
bility and charge transport of easily-prepared low MW polymers. The further combination of charge 
transport studies in TFTs and in-situ morphological characterization by AFM and out-of-plane XRD 
allow us to correlate the effects of micro-structural variation with the mobility, thereby providing valu-
able means to compare structure-property relationships among single MW fractions. 
 
3.2 Result and discussion 
3.2.1 Synthesis and MW fractionation 
Since the Stille coupling-based step-growth polymerizations employed to obtain PBTTT-C12 typically 
produce batches with Mn below 30 kDa and broad PDI around 2,[14a] it is necessary to employ alternative 
strategies to access samples with Mn > 30 kDa and low PDI. Our approach relies on preparatory size 
exclusion chromatography (prep-SCE), which affords separation of polymer chains lengths based on 
their characteristic hydrodynamic volume in solution. Starting from an initial crude batch (Mn of ca. 20 
kDa, PDI =1.8) it was possible to collect fractions with Mn ranging from 5.8 – 151 kDa and narrow PDI 
(typically 1.1–1.4) as is shown in the analytical SEC traces in Figure 3-1 and reported in Table 1. To 
avoid any issues with the poorer solubility of longer polymer chains, the prep-SEC system was main-
tained at a relatively high temperature (80°C), and low concentration of polymer was used in the mobile 
phase (chlorobenzene). It should be noted that the molecular weights reported in this work (similar to 
other reports) are calculated based on poly(styrene) standards. Due to the difference in molecular con-
formation in solution of a rigid conjugated polymer like PBTTT and coiled poly(styrene), SEC is known 
to overestimate molecular weights by a factor of 1.2–2.3.[56] Indeed, our comparison of the SEC results 
to NMR peak areas suggests that this number is 1.5 for low molecular weight fractions up to about 10 
kDa. The calculation of this factor for higher molecular weights is more difficult due to limitations in 
resolving the end groups, but has recently been shown to increase slightly with increasing MW for rr-
P3HT.[57] In addition, given the regiosymmetric nature of PBTTT, prep-SEC is expected to give more 
accurate separation by chain length compared to asymmetric polymers like rr-P3HT where regio-irreg-
ularities can cause changes in hydrodynamic volume independent of chain length.[58] Thus while it is 
challenging to report the true chain length of our PBTTT samples, we can be confident that our prepared 
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fractions do indeed include only chains of similar length. Slight variations observed in PDIs are at-
tributed to dispersion effects in the column during elution and the elution volume collected for each 
fraction to obtain sufficient amounts for device fabrication. 
 
          
 
 
Figure 3-1. The analytical size exclusion chromatograms of the crude (a) and of the selected PBTTT 
fractions (b) separated by prep-SEC are shown as the normalized detector response versus elution vol-
ume of the mobile phase. The reported Mn and PDI values for each fraction are versus polystyrene 
standards. For clarity, not all fractions employed in subsequent analysis are shown here. 
 
Of particular note from the analytical SEC traces in Figure 3-1b is the presence of shoulders on the 
chromatograph of the 5.8 kDa sample corresponding to oligomers of BTTT. As we had concern that 
these could affect the electronic properties, we prepared an additional batch of PBTTT and separated a 
fraction with Mn = 8.8 kDa and a PDI = 1.1. This fraction did not exhibit significant shoulder peaks 
from oligomers in the analytical SEC trace. The UV-vis absorption in solution (Figure 3-2a) show little 
dependence on molecular weight. The slight red-shift in absorption at high MW can be attribute to the 
presence of interacting aggregates in solution. As expected for semicrystalline polymers like PBTTTa 
drastic red-shift in absorption is found in the solid state (Figure 3-2 b). Interestingly, thin films made of 
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different MW show a larger shift of the absorption offset in low MW (710 nm) in comparison to medium 
and high MW (690 nm). 
 
 
Figure 3-2. Normalized Uv-Vis absorption spectra in solution (a) and in thin films (b) of 13.5 kDa 
(orange line), 31.7 kDa (purple line) and 89.7 kDa (blue line). 
 
3.2.2 Effect of MW on the charge carrier mobility 
To evaluate the charge transport characteristics of each fraction, TFTs were then prepared in the copla-
nar bottom-contact configuration with an octadecyltrichlorosilane (OTS) functionalized SiO2 dielectric 
by spin coating from 1,2-dichlorobenzene. We note that concentrations of the solutions used for the 
depositions were varied so as to keep the film thickness for each device equivalent, and making sure to 
also use sufficiently thick films to avoid confinement effects.[59] Uniform semiconductor film formation 
of about 60 nm was observed for all MWs, except for the 5.8 kDa fraction where as-cast films were 
characterized by extremely rough and discontinuous films.  
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Figure 3-3. Average extracted (saturation regime) field-effect charge carrier mobility, μFET, of annealed 
(180 °C, 10 min) PBTTT fractions as a function of number average molecular weight, Mn. Error bars 
corresponding to one standard deviation on multiple devices are also shown. 
 
This was presumably a result of a poor substrate-solution interaction and rapid crystallization-aggrega-
tion of the material during the drying of the film.  As the films were not continuous, we were unable to 
measure a field-effect with these as-cast devices, however after a thermal treatment, a field-effect was 
observed. After spin coating, all devices were subsequently examined at room temperature under a ni-
trogen atmosphere in the as-cast state and after a thermal annealing treatment (180 °C, 20 min, slow 
cooling), and the p-type μFET was extracted from the current-voltage data and corresponding transfer 
curves. In order to compare charge carrier mobilities with previous reports[14a], the annealing tempera-
ture was chosen accordingly within the alkyl chain melting temperature which in the specific case of 
PBTTT is identified with the formation of a liquid crystalline phase. As it will be discussed in section 
3.2.4, low-MW fraction doesn’t present a liquid crystalline phase, therefore annealing at 180°C induced 
a complete phase transistion to the liquid phase and subsequent crystallization directly from the melt. 
In the linear regime of operation, the charge carrier mobility of our best performing (single device) 
annealed PBTTT TFTs was found to be 0.17 cm2 V–1 s–1 (with the 31.7 kDa fraction), which is consistent 
with previous studies using this transistor geometry.[54b] In addition, we recorded consistent performance 
between repeat devices. Standard deviations on multiple samples are given with the tabulated results 
from all PBTTT fractions in Table 1, and the results are shown graphically in a semi-log plot as a 
function of Mn in Figure 3-3.  Similar to what has been observed with rr-P3HT,[60] charge carrier mo-
bility is extremely sensitive to chain length variation in the low MW range. For PBTTT we observe that 
a doubling of the number average molecular weight from 5.8 kDa to 13.5 kDa is responsible for an 
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increase in hole mobility of two orders of magnitude from 5.5 × 10–4 to 4.5 × 10–2 cm2 V–1s–1 in annealed 
films. This is in direct contrast to what has been noted previously with this range of MW PBTTT films[60] 
where only a factor of three increase was observed over a similar range of Mn (8.1–17.9 kDa, which 
was the full range studied previously). However in the fractions used in that previous report, the PDIs 
were much higher (up to 2.9) indicating that a significant amount of chains over 15 kDa were present 
in the 8.1 kDa sample. This suggests that the long molecular weight chains in a low Mn sample of 
PBTTT can have a large influence on the film forming properties of the polymer. Indeed, with our 
supplementary fraction of PBTTT exhibiting a low Mn and PDI (8.8 kDa and a 1.1, respectively) men-
tioned previously we were not able to measure a field-effect under identical TFT preparation conditions 
(due to non-continuous film formation). This observation suggests that we were able to observe a field-
effect after annealing the 5.8 kDa fraction due to the presence of longer molecular weight chains that 
aided the formation of a continuous film in that sample. To support this suggestion we blended 10 wt% 
of a 13.5 kDa fraction with the 8.8 kDa fraction and indeed we observed the formation of a continuous 
film. Our observations suggest the existence of a threshold molecular weight for PBTTT-C12 between 
ca. 9–13 kDa which is required for film formation and TFT operation. These aspects will be discussed 
in more detail below. 
Table 3-1. Molecular weight information and the corresponding charge carrier mobility of the PBTTT 
fractions prepared by prep-SEC. 
Mn    Mw   PDI Unannealed μsat Annealed μsat VTH Rs 
(kDa) (kDa)  (cm2 V-1 s-1)a (cm2 V-1 s-1)b   
5.8 8.12 1.4 -- 0.00055 ± +18 V 2.5 
13.5 18.9 1.4 0.018 ± 0.002 0.046 ± 0.006 -7 V 40 kΩ 
22.3 29.0 1.3 0.039 ± 0.002 0.100 ± 0.012 -10 V - 
31.7 41.2 1.3 0.048 ± 0.002 0.121 ± 0.017 +15 V - 
40.0 44.0 1.1 0.059 ± 0.008 0.122 ± 0.011 +15 V 1 kΩ 
51.0 56.2 1.1 0.035 ± 0.005 0.096 ± 0.0032 +10 V - 
62.3 69.2 1.1 0.023 ± 0.002 0.0601 ± 0.019 +7 V 24 kΩ 
82.4 98.9 1.2 0.016 ± 0.009 0.095 ± 0.01 +7 V 19 kΩ 
89.7 117 1.3 0.020 ±  0.001 0.064 ± 0.007 -10 V - 
151 166 1.1 0.0056 ± 0.0004 0.011 ± 0.0022 -23 V - 
   a as spun from hot 1,2-dichlorobenzene; b at 180°C for 20 min under argon 
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Overall, the transistors prepared with our low MW PBTTT (5.8 kDa to 13.5 kDa) are characterized by 
low current (saturating at about 20 μA for a device W/L = 500) compared to higher molecular weight 
(typically saturating at more than 1 mA W/L = 500). This suggests a large resistance to charge transport 
in the film. Also, positive threshold voltages of +18 V and relatively poor Ion/Ioff ratios of 102 (5.8 kDa) 
and 104 (13.5 kDa) are noted with low MW samples. Regardless of thermal treatment we found μFET to 
increase with MW up to a maximum at about Mn = 40 kDa. In comparison to rr-P3HT, Stingelin and 
co-workers recently summarized literature reports and show for the most part that μFET is independent 
for Mn > 25 kDa up to about 90 kDa.[25] In contrast to these reports with rr-P3HT, we observe seemingly 
more complex behavior with our PBTTT fractions in this work. While we do find a decrease in μFET as 
chain length is increased from the optimum of around 40 kDa, this decrease first occurs relatively 
quickly with increasing Mn. The average μFET exhibited by the TFT prepared with 51.0 kDa PBTTT 
show a 21% decrease from the average value of the 31.7 and 40.0 kDa fractions, and the 62.3 kDa 
fraction decreased by a factor of 2. In addition, we observed more variation in device performance at 
this molecular weight.  As the Mn further increased from ca. 60 to ca. 90 kDa μFET remained approxi-
mately constant with an increased statistical variation compared to the lower molecular weights. Inter-
estingly, we measured μFET up to 0.14 cm2 V–1s–1 for the best single device prepared with the 82.4 kDa 
fraction, while the average was just under 0.1 cm2 V–1s–1. Finally, for the highest Mn fraction, a factor 
of 5 decrease in μFET was observed. For unannealed films the trend observed in the annealed devices is 
roughly mirrored with μFET consistently 2-3 times smaller before the annealing step for medium molec-
ular weights. From ca. 60 to ca. 90 kDa the unannealed films showed comparatively lower μFET and a 
higher variability was observed similar to the annealed condition. 
 
3.2.3 Thin films morphology 
In order to gain insight into how the morphology of the films correlates to the observed charge carrier 
mobility we next examined the topography of the transistor thin-films by atomic force microscopy 
(AFM). We note that while AFM only measures the surface morphology, and not the buried dielec-
tric/polymer interface where the charge transport generally occurs, strong correlations between surface 
morphology and charge transport are routinely observed.[5b] In combination with other characterization 
techniques, AFM is undoubtedly a powerful tool to gain insights into thin film morphology. Overall we 
observed three distinct morphologies. For the low molecular weight fractions (5.8–13.5 kDa), tapping 
mode micrographs reveal the existence of well-defined fibril-like structures which are on the order of 1 
μm in length and anisotropically oriented onto the substrate (Figure 3-5a). Previous studies on rr-P3HT 
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and PBTTT suggest that polymer chains in this fibril-like structure are highly ordered along their growth 
direction through π-π stacking.[28] Interestingly, we found that the diameter of the fibers was constant 
across the film and varied with Mn. For the 5.8 kDa fraction the peak-to-peak distance on the height 
trace was found to be roughly 35 nm while the 13.5 kDa fraction showed a distance of 50 nm. Given 
the reported[61] repeat unit length of 1.33 nm, this corresponds to polymer chains with degrees of 
polymerization, n = 26 and 38 for the 5.8 kDa and 13.5 kDa samples, respectively, assuming a single 
polymer chain extends the full distance of the fiber diameter (as has been established by Brinkmann and 
Rannou for rr-P3HT)[27a]. 
 
       
Figure 3-4. Typical output curves (left row) and hysteresis curves measured at Vg = -10 V (central row) 
as a function of the molecular weight fractions reported in the GPC traces (right row). 
40.0
1.1
M n /kDa
(PDI )
7 8 9 10
Retention volume (ml)
N
or
m
al
iz
ed
 a
bs
or
pt
io
n 
(a
.u
.)
89.7
1.3
M n /kDa
(PDI )
7 8 9 10
Retention volume (ml)
N
or
m
al
iz
ed
 a
bs
or
pt
io
n 
(a
.u
.)
13.5
1.4
M n /kDa
(PDI )
7 8 9 10
Retention volume (ml)
N
or
m
al
iz
ed
 a
bs
or
pt
io
n 
(a
.u
.)
-20
I S
D
(m
A
)
-40 -60 -800
0.05
0.15
0.10
-20
I S
D
(m
A
)
-40 -60 -800
0.05
0.15
0.10
-20
I S
D
(m
A
)
-40 -60 -800
0.05
0.15
0.10
-60-50-40-30-20-100
0.5
0.4
0.3
0.2
0.1
0
I D
S (
m
A
)
VDS  (V) VDS  (V)
-60-50-40-30-20-100
2.5
2.0
1.5
1.0
0.5
0
I D
S (
m
A
)
VDS  (V) VDS  (V)
-60-50-40-30-20-100
1.0
0.8
0.6
0.4
0.2
0
I D
S (
m
A
)
VDS  (V) VDS  (V)
(a)
(b)
(c)
 53 
 
However, the number average degree of polymerization based on the SEC data (with a correction factor 
of 1.5), is only 6 or 14, respectively, for the two samples. To rationalize this discrepancy, we suggest 
that the diameter could be strongly influenced by the longest polymer chains in each sample. Indeed, 
the 5.8 kDa fraction does include ca. 1% of polymer chains with a degree of polymerization of 26 or 
higher based on the SEC trace. These chains would have a length similar to the observed diameter. Our 
attempts to further support this claim with the 8.8 kDa, PDI 1.1 sample were unsuccessful as this sample 
had such a strong tendency to form large, discontinuous crystalline domains on the OTS-treated sub-
strate, that neither AFM imaging was nor μFET measurement were possible. In addition we note that the 
area between fibers of this type may include some amorphous material that would cause an overestima-
tion of the crystalline domain width. Nevertheless our observations of the different behavior of the 
5.8kDa and the 8.8kDa samples does suggest that a small fraction of higher molecular weight polymer 
chains (>8.8 kDa) can drastically affect the film formation, morphology and TFT performance. How-
ever, despite the highly ordered appearance of the fiber morphology, and the indicated ability to control 
the fiber size by varying the molecular weight, this morphology is known to exhibit poor charge carrier 
mobility due to the high density of grain boundaries that hinder charge hopping between the fibrils. It 
is commonly conjectured that it is not until the chains are long enough to link crystal domains that the 
charge carrier mobility attains the best values. Indeed, as the chain length increases we observe the 
“terraced” morphology consistent with previous reports. Fractions with Mn of 20–50 kDa showed this 
morphology (Figure 3-5b) where the step height observed (2 nm) matches well the reported d100 spacing 
of 1.96 nm. [5b] Interestingly, the morphology of thin-films prepared with the 22.3 kDa fraction shows 
hints of fibers suggesting that this Mn represents a transitional length from fibers to terraces. As previ-
ously mentioned, the ability of PBTTT to form these highly ordered terraced structures has been con-
sidered to be the origin of the observed high charge carrier mobility.[4] Indeed the maximum μFET we 
found was in these medium molecular weight fractions (30–40 kDa). We found that the terraced domain 
size is apparently not dependent on the length of polymer chain. This is expected considering that the 
size of the terraced domains is typically significantly larger than the length of a polymer chain (a 30 
kDa PBTTT chain would be about 40 nm in length, fully extended assuming a SEC correction factor of 
1.5). Nevertheless, the terraced domain size has been shown to be influenced by processing condi-
tions.[14b] We found terraces to only exist for a narrow range of molecular weight (30–50 Mn), and at Mn 
equal to 60 kDa or greater we did not observe regular steps in the micrographs even in the annealed 
films. Rather a rough surface is found with a range of feature sizes of 10–100 nm that is similar to what 
has been observed for high molecular weight films of rr-P3HT. This is best seen in Figure 3-5c for the 
89.7 kDa polymer. Smoother films (but still without terraces) were observed for the 62.3 kDa material, 
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again suggesting another transition point. Indeed, more variation in transistor performance at this mo-
lecular weight was observed.[14c] 
 
                      
Figure 3-5. Atomic force microscopy height (left) and phase (right) images in tapping–mode of the 
surface morphology of spin-cast thin films of (a) 5.8 kDa, (b) 40.0 kDa and (c) 89.7 kDa. The respective 
cross sections provide information about a) the width of the fibrils b) the 2 nm step-height of single 
terraces and c) the disappearance of terrace-like structures at high MW. 
 
Moreover, we note a good correlation of the disappearance of the terrace morphology and the decrease 
in μFET from the highest average values around 40 kDa to values twice lower at 62 kDa. To differentiate 
between the intrinsic ability to form the terrace morphology and a possible kinetic constraint to lamellar 
organization, we increased the annealing time by a factor of 10 for the 89.7 kDa fraction and no increase 
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in μFET or terrace formation was seen. Taken together these observations suggest that a film made from 
chains with molecular weight greater than 60 kDa (corresponding to a degree of polymerization of 60, 
or a polymer length of ca. 80 nm, assuming a SEC correction factor of 1.5) is sufficiently entangled to 
inhibit large-scale lamellar ordering. This molecular weight is more than the ca. 30–40 kDa entangle-
ment molecular weight implied by results reported with rr-P3HT,[25] as expected given the increased 
rigidity of the chain. 
 
3.2.4 Thermal characterization 
In order to further support the claim that PBTTT samples above 60 kDa are inhibited from large-scale 
lamellar ordering by entanglement, and to gain further insight into the link between molecular weight 
and morphology, we performed a thermal analysis by differential scanning calorimetry (DSC) of poly-
mer fractions from each of the three regions. The second heating and cooling curves are shown in Figure 
3-6 for the 5.8 kDa, 13.5 kDa, 31.7 kDa and 89.7 kDa fractions.  
 
Table 3-2. Transition temperatures and specific enthalpies of the critical points observed in the second 
cycle DSC scans. Subscripts “m” and “c” signify melting and crystallization, respectively.    
Mn 
(kDa) 
T1,m (°C)  ∆
H1,m   
T2,m   
(°C) 
∆H2,
m  (J g–1) 
T1,c     
(°C) 
∆H1,c    
(J g–1) 
T2,c     
(°C) 
∆H2,c     
(J g–1) 
5.8 153 1. -- -- 135 -2.1 -- -- 
13.5 184 5. -- -- 205 -12.1 126 -3.8 
31.7 163 8. 247 11.0 120 -7.3 238 -8.8 
89.7 167 4. 259 7.5 114 -3.7 240 -8.1 
 
 
Thermal transitions for the alkyl side chain crystallization (T1, around 120°C) and the conjugated back-
bone crystallization (T2, around 240°C) can be clearly identified for the higher molecular weight frac-
tions consistent with previous thermal observations of PBTTT.[5b, 54a] The temperatures and specific 
enthalpies for each transition are given in Table 2. In contrast to the high MW fractions, the low MW 
fractions exhibited variable behavior. Only one transition for the melting/crystallization of the backbone 
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was observed for the 5.8 kDa fraction and the 13.5 kDa fraction did not exhibit a clear separation be-
tween the two transitions. This suggests that the strength of the π-π stacking interaction is strong in the 
5.8 kDa polymer and that the backbone alone drive crystallization. 
 
               
Figure 3-6. DSC second heating and cooling thermograms measured at 20 °C/min as a function of drop-
cast PBTTT films as a function of MW. Scans have been baseline corrected and offset for clarity. 
 
For the 13.5 kDa fraction, the backbone and side chain crystallizations are well-differentiated in the 
cooling curve but not the heating curve suggesting that the strength of the π-π stacking interaction begins 
to become important at this chain length. At 31.7 kDa the polymer exhibits clear transitions between 
the backbone and side chain crystallizations in both the melting and cooling curves. We observed an 
increase in the melting backbone temperature, T2,m and a large decrease in enthalpy of fusion of the side 
chains, ∆H1,c, with increasing Mn for these higher molecular weight fractions. This clearly shows that a 
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decreasingly smaller percentage polymer arranges in a crystalline phase as polymer chain length in-
creases. Moreover, we note that the enthalpy of crystallization of the backbone, ∆H2,c, remains more 
similar for the 31.7 kDa and 89.7 kDa fractions as compared to ∆H1,c. This decrease in ∆H1,c while ∆H2,c 
remains relatively constant with increasing Mn suggests that after the backbone crystalizes in the 89.7 
kDa polymer, the material is in a conformation that prevents side chain recrystalization to the degree 
that it is present in the 30.7 kDa polymer. As previously reported for rr-P3HT,[25] high MW fractions 
show both a higher backbone melting temperature and a larger supercooling ΔT (Tm–Tc) due to the 
increased driving force required to crystallize entangled chains from the melt. We found the supercool-
ing ΔT2 to be 9 °C and 19 °C for the 30.7 and 89.7 kDa fractions, respectively, for the backbone transi-
tion and ΔT1 = 43°C and 53°C for the side chain transition. This large increase in the supercooling for 
both thermal transitions further suggests that PBTTT does indeed become entangled at a critical molec-
ular weight lower than 89.7 kDa. While further testing of the mechanical properties, not possible with 
the amounts of materials obtained in this study, is needed to verify classical polymer entanglement, the 
morphological results combined with the thermal results are consistent with an increasing degree of 
entanglement starting at about 60 kDa for PBTTT.  
 
3.2.5 Charge transport across grain boundaries in PBTTT 
As it is of strong interest to better understand the nature of the formation of the terrace morphology, we 
proceeded next to test the hypothesis that a specific chain length (from 30–50 kDa) is needed to afford 
the terrace morphology. To accomplish this, we combined the low Mn sample (5.8 kDa), which gave 
the fiber morphology, with varying amounts of a good-performing high MW fraction that did not exhibit 
terraces (89.7 kDa). In this case one might expect that if terrace formation is driven by the presence of 
chains long enough to link localized ordered domains, terrace formation could be induced by adding a 
small number of long chains to a low molecular weight film as long as the fraction of high MW chains 
was sufficiently small to avoid entanglement. The field-effect charge carrier mobility as a function of 
the fraction of high Mn polymer is shown in Figure 3-7. Interestingly, a strong effect on μFET was ob-
served upon combining the 5.8 kDa and the 89.7 kDa fractions. While pure low-MW (5.8 kDa) exhibited 
mobility around 5 × 10–4 cm2 V–1s–1, as soon as 5% of high molecular weight chains were introduced in 
the spin-coating solution, the charge carrier mobility increased 2 orders of magnitude (to as high as 0.12 
cm2 V–1s–1 for a single device). Further increase in the fraction of long chains showed no additional 
increase in charge carrier mobility. At a 1:1 ratio a slight decrease in average transistor mobility over 
the 5% case is noted. Overall the 5% blended thin film gave a higher average mobility than the 89.7 
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kDa polymer alone suggesting that a morphology better suited for charge transport exists at this condi-
tion. AFM analysis of the thin film topography (Figure 3-7) does not, however, indicate that terraced 
features are present. Rather a rough morphology is found that resembles more closely the morphology 
of the 89.7 kDa fraction. Upon close inspection of this morphology, we observe the suggestions of fibers 
of a similar diameter to the pure 5.8 kDa film that are randomly oriented and seem to be embedded in a 
matrix. While this faintly suggests a hybrid morphology that combines aspects of the two component 
polymers, a few more concrete conclusions can be stated based on these observations. The first im-
portant aspect of the blending procedure is the improvement of the processability of the film. The low 
molecular weight fractions were consistently affected by rapid aggregation responsible for making in-
homogeneous films. However, adding only a small % of the high MW fraction it becomes possible to 
have a continuous and homogenous film suitable for long-range charge transport. Indeed, a device pre-
pared with the 8.8 kDa + 5wt% 89.7 kDa showed an average μFET of 0.08 cm2 V–1s–1. This is in contrast 
to the neat 8.8 kDa film which was not measureable. Moreover, we note that since the 5.8 kDa fraction 
includes a significant amount of oligomer chains, but still attains high μFET when blended with a small 
amount of the high MW polymer, we can conclude that the presence of these oligomers does not fun-
damentally limit the charge transport. Because the low MW samples exhibit a better solubility, this 
blending strategy suggests that the environmentally unfavorable chlorinated aromatic solvents typically 
used to process PBTTT and similar materials can be reduced or even eliminated. Indeed, preliminary 
solution-processed devices spin cast out of THF:5% chlorobenzene and THF only exhibited hole mo-
bilities respectively of 0.055 cm2 V–1s–1 ( AFM image in Figure 3-7c) and  0.016 cm2 V–1s–1 with the 
8.8 kDa + 5wt% 89.7 kDa blend.  
 
  
Figure 3-7. (a) Average extracted (saturation regime) field-effect charge carrier mobility, μFET, of an-
nealed (180 °C, 20 min) PBTTT fractions as a function of weight fraction of high MW polymer chains 
in the blend with 5.8 kDa. Error bars corresponding to one standard deviation on multiple devices are 
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also shown. (b) Tapping-mode atomic force microscopy of spin cast films of 5% high MW blend and 
(c) tapping-mode atomic force microscopy of spin cast films of 8.8 kDa with 5% high MW blend. 
More importantly, the fact that only a small amount of the 89.7 kDa polymer needs to be added to the 
5.8 kDa film to drastically improve the mobility strongly reinforces the notion that the charge carrier 
mobility of the low Mn films exhibiting the fiber morphology are indeed limited by grain boundaries. 
Finally, as reasonably high charge carrier mobility was obtained with the blending approach and no 
terraces were observed, it suggests that the planar orientation of the π-π stacking afforded by the terraced 
morphology is not necessary to obtain state-of-the-art charge carrier mobility in PBTTT films. Indeed, 
this is strengthened by the fact that we observed (single device) μFET up to 0.14 cm2 V–1s–1 using the 
(non-terrace-forming) 82.4 kDa fraction. Only slightly higher champion mobility was observed in the 
best devices that exhibited a terraced morphology (0.17 cm2 V–1s–1).   
3.2.6 Thin films microstructure determination 
To further support the view that the planar orientation of the π-π stacking is not critical to charge 
transport, we analyzed the out-of-plane x-ray reflections from thin-films in a grazing incidence geome-
try and by transmission electron diffraction. As shown in Figure 3-9 for the 2D grazing incidence XRD, 
all the MW fractions analyzed exhibit a measurable degree of out-of-plane scattering corresponding to 
lamellar packing (a axis, (h00) diffraction) with side chains preferentially oriented normal to the sub-
strate whereas electron diffraction patterns (Figure 3-10) confirm the π-π stacking (b axis, (0k0) diffrac-
tion) in the plane of the film. In specular 1D scans (Figure 3-8), the dominating (100) reflection was 
found at a value of the scattering vector, q, from 3.26–3.42 nm–1 corresponding to a d-spacing of 1.84–
1.93 nm, which is similar to the value of 1.92 nm reported previously.[15] Interestingly we found this 
value to change significantly with MW as seen by the shift in the h00 reflections (Figure 3-8b, normal-
ized curves). Fitting the positions of the 100, 200, and 300 reflections gives the d-spacing as 1.87 ± 
0.01, 1.85  ± 0.01, 1.89 ± 0.02, and 1.94 ± 0.01, respectively for the 5.8, 13.5, 31.7, and 89.7 kDa 
fractions. While an increase in d-spacing has been previously reported with an increase of MW for rr-
P3HT,[13a] it is surprising to observe this in PBTTT where the interdigitation of the alkyl side chains 
strongly determines the size of the a-axis lattice constant. For the current case of PBTTT, we observe a 
statically significant change in the d-spacing only for the 89.7 kDa fraction where entanglement influ-
ences the morphology. We suggest that the increased amount of chain stress caused by the bends and 
folds implied in an entangled morphology prevents the lattice from reaching its minimum energy in the 
a-axis direction. This is well supported by the decrease in ∆H1,c for the 89.7 kDa fraction as compared 
to the 31.7 kDa polymer.  
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Figure 3-8. (a) Out of plane grazing-incidence x-ray diffractograms are shown as a function of the 
scattering vector, q, for different molecular weight PBTTT and the 5wt% blend of 89.7 kDa chains in 
5.8 kDa. (b) Normalized 100 reflections overlaid to compare the peak positions. 
 
While this may not have a great effect on the μFET as the backbone crystallization appears less affected 
according to the DSC results and charges are not preferred to transport in this direction, the measurement 
of the d-spacing may be a suitable method for identifying the presence of an entangled morphology.In 
addition, given the uniform film thickness employed between samples, the intensities of the h00 reflec-
tions, together with the DSC results can give additional insight into the relative orientation of crystalline 
domains in the thin-films. In the specular scans (Figure 3-8), an overall decrease in the out-of-plane 
reflection intensity for the (100) reflection is observed from 13.5 kDa to 89.7 kDa and is attributed to 
the loss of registration in lamellar structures that are observed both in fiber-like and terrace-like mor-
phologies, and is consistent with the changing magnitude of ∆H1,c. The comparatively low intensity 
peak registered for the 5.8 kDa fraction is consistent with the DSC results as well, however the poor 
overall crystallinity of this fraction is surprising, and cannot be attributed to impurities, given the results 
of the blending experiment. More interestingly, the 13.5 kDa polymer gave the most intense reflection 
even though the μFET exhibited by this fraction was 3 times less than terrace-forming fractions. This 
accords with the DSC results, which show the largest ∆H1,c  for this fraction, and further reinforces the 
notion that a high degree of π- π stacking in the direction of charge transport is not the only requirement 
for attaining the best charge carrier mobility.[62] Indeed, the terrace-forming 31.7 kDa fraction has a 
weaker (100) reflection but a showed a higher μFET. The origin of the shoulder observed most strongly 
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on this fraction is not known, but asymmetric reflections have been observed before to a lesser ex-
tent.[14b, 15] Since this shoulder clearly occurs for other fractions, it cannot solely be attributed to the 
terraced morphology.  
      
Figure 3-9. 2D-detector images of grazing-incidence x-ray diffraction of (a) 5.8 kDa, (b) 40.0 kDa, (c) 
52.0 kDa, (d) 63.0 kda, (e) 89.7 kDa and (f) 156 kDa films. Out of plane diffractions are displayed as a 
function of the scattering vector, qz , and in plane diffractions in qxy . In plane reflections to resulted to 
be too weak to allow quantitative evaluation of molecular order along the π- π stacking direction. 
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The fraction exhibiting an entangled morphology, shows a further decrease in the (100) reflection, sim-
ilar to what has been shown by McGehee and coworkers for rr-P3HT,[14b] and only a slight increase is 
observed over the 5.8 kDa + 5wt% 89.7 kDa blend film suggesting that no drastic changes in ordering 
occurs upon the blending of these two disparate fractions. 2D-GIXD images (Figure 3-9a and Figure 3-
9b) show in low MW thin films hints of in-plane diffraction that are attributed in PBTTT to π-π stacking 
motif. However, the low intensity of (0k0) diffractions makes possible quantitative estimations difficult. 
Instead, the intensity of the 010 reflections as measured by the electron diffraction (Figure 3-10)   cor-
responding to backbone π-stacking support the conclusions drawn by the XRD as they are strongly 
dependent upon MW. Both 13.5 kDa and 31.7 kDa showed narrow and intense isotropic scattering rings 
which confirm that both fibrils and terraced structures exhibit strong π-π stacking. The weak scattering 
rings observed for the 89.7 kDa film clearly indicate the lower amount of in-plane π-π stacking present 
in the entangled film. This observation, combined with the fact that the 89.7 kDa and 31.7 kDa fractions 
showed a similar ∆H2,c (suggesting the overall amount of π-π stacking present is similar) further sug-
gests that while the entanglement does prevent terrace formation, and the general alignment of polymer 
domains, it does not change greatly the amount of π-π stacking. The electron diffraction pattern for 5.8 
kDa PBTTT shows a clear anisotropy in the 010 reflection which is in agreement with the high degree 
of alignment that the fibers showed in the AFM images. This degree of anisotropy is lost in the 5% 
blend with high MW polymer chains while a slightly higher intensity of the reflections is observed as 
in the case of the out of plane peaks. The relatively small amount of in-plane π-π stacking observed in 
the 89.7 kDa film but the reasonable charge carrier mobility observed at this MW together with the 
results from blending the 5.8 kDa fraction with the high MW suggest that terrace formation and in-plane 
alignment are not as important as the interconnectivity afforded by the use of long polymer chains in 
obtaining high performance transistors of PBTTT.  
 
 
Figure 3-10. Transmission electron microscopy diffraction patterns of PBTTT thin films as a function 
of molecular weight. 
 
(a) (b) (c) (d)
5.8 kDa 13.5 kDa 31.7 kDa 89.7 kDa
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Overall our results give important insight into the terrace morphology observed in PBTTT. The for-
mation of the terraced morphology can be viewed as a subtle interplay between the backbone and side 
chain crystallizations. The weak π-π stacking interactions in fiber-forming PBTTT cause the chains to 
enter a liquid-crystalline state and rearrange to a nematic state when annealing the polymer at 180°C. 
However, in terrace-forming PBTTT, annealing at 180°C is not sufficient to melt the backbone and the 
polymer morphology is driven by π-π stacking interactions and large terraces can form through the 
interconnection of local domains. The influence of the substrate,[63] and the ability of the polymer chains 
to retain sufficient physical mobility are most likely factors that also need to be taken into consideration 
in this kind of studies. While it is known that long-range ordering of the π-π stacking domains is not 
present in this morphology, charge transport can still be facilitated by the fact that the backbones are all 
in the same plane.  In contrast, at Mn greater than 60 kDa, entanglement restricts polymer movement 
during the annealing preventing in-plane ordering and increases the a-axis packing distance. However, 
this does not drastically affect the overall μFET as the amount of π-π remains similar and interconnectiv-
ity between domains remains high. Indeed this final observation provides a plausible explanation for 
the complex behavior of μFET for PBTTT with Mn from 40-150 kDa: as the MW increases and terrace 
formation is no longer accessible due to polymer entanglement, μFET decreases due to a decrease in in-
plane alignment and a decreased density of crystal packing. However as the polymer chain length in-
creases after terrace formation disappears, an increase in μFET could be expected as the connectivity 
between crystalline domains improves due to the presence of longer chains. Finally, at increasingly high 
molecular weight, processing becomes a difficulty as solubility (even in hot dichlorobenzene) becomes 
the limiting factor. Indeed we found the 151 kDa fraction to crash out of solution only seconds after 
heating was removed from the vial containing the mixture. This caused poor film formation with the 
inclusion of aggregates which most likely were formed as the solution cooled during the early stages of 
the spin coating.[14c] 
 
3.3 Conclusions 
Overall this study shows that precisely varying the molecular weight of a rigid-backbone conjugated 
polymer with interdigitating side chains has a large effect on the material characteristics and allows the 
control over the morphology adopted by the polymer in a thin film. Thin film transistor performance 
data were combined with microstructure and morphological characterization to give insight on the evo-
lution of the charge carrier transport mechanism in high-mobility polymeric semiconductors as a func-
tion of molecular weight. Three distinct regions were observed. For medium Mn material around 30–40 
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kDa the most reproducibly high μFET was observed, corresponding to clear long-range ordering in the 
thin films by way of terrace-like structures as observed by AFM. For smaller Mn, an increased crystal-
linity of the polymer in the thin film was observed, corresponding to a fiber morphology as seen by 
AFM. However, the μFET was lower in these fractions presumably due to poor interconnectivity of the 
crystalline domains. In contrast, MW higher than the optimum range showed significantly less side-
chain crystallinity and no terrace formation most likely due to polymer chain entanglement. A Mn of 
around 60 kDa was identified as the critical MW for entanglement. Despite this, reasonably high μFET 
was observed in fractions of ca. 80 kDa suggesting that a balance between domain connectivity and 
polymer processability is a crucial issue. This strongly supports the view that the interconnectivity of 
polymer domains is the most important factor for high charge carrier mobility in polymer transistors. 
With this we can conclude that while the self-assembly observed in the terrace formation clearly pro-
motes good long-range carrier transport for medium Mn PBTTT (30–40 kDa), the terrace formation 
itself is not critical for obtaining good transistor performance as long as good interconnectivity is ob-
tained. In addition, the drastic increase in μFET observed by blending 5% of a high MW polymer into a 
low MW fraction was found to further support our aforementioned conclusions and suggests a novel 
route to easily increase the processability and transistor performance of low MW conjugated polymeric 
or oligomeric semiconductors. As the synthesis and solubility of MW weight conjugated materials is an 
important factor limiting the application of these materials, the strategy of using only a small amount of 
long chains to facilitate the interconnectivity of crystalline domains will likely be a viable route to in-
crease the applicability of these materials. Ultimately, blending different MW fractions could potentially 
be a new strategy to affect mechanical properties of the overall films, as discussed in the introductory 
chapter, while preserving transport properties. 
 
 
 
 
 
 
 65 
 
Chapter 4 
 
The effect of MW on morphology and charge carrier    
mobility in diketopyrrolo-pyrrole based polymer 
 
4.1 Introduction 
In the introductory chapter, the family of donor-acceptor alternating copolymers has been briefly pre-
sented in merit to their outstanding performance in organic field-effect transistors (OFETs) and organic 
photovoltaics (OPV). In a this new generation of semiconducting polymers often lacks the significant 
long-range solid-state crystallinity (based on π-stacking interactions)  reported  in poly-bithiophene-
thienothiophene (coded PBTTT)[14a] in Chapter 3.  In previous reports, an increased backbone rigidity 
has been identified as a reasonable explanation for superior semiconducting performance despite the 
lack of crystallinity.[19] Indeed, recent studies on this new class of polymers suggest that in absence of 
extended π-stacking motifs in the solid state, charge transport occurs mostly uni-dimensionally along 
the highly rigid conjugated backbone with occasional intermolecular hopping through sparse π-linkages 
present in stacked aggregates.[19, 64] This charge transport mechanism implies a significant importance 
of the effect of polymer chain length (as characterized by the polymer chain molecular weight) on the 
semiconducting performance. However, the study of the effect of the polymer molecular weight and 
molecular weight distribution (polydispersity index, PDI) is confounded by the step-growth polymeri-
zation used, which leads to variable MWs and PDIs often over 2 implying a wide variation of chain 
lengths in a single polymer sample. Indeed while much is now known regarding the effects of MW and 
PDI on PBTTT,[14c, 65] much less is known about the new class of push-pull polymers. A few studies 
have shown a vague relationship between MW and semiconductor performance which suggests that 
higher MW leads to leads to increased charge carrier mobility and performance in photovoltaic de-
vices.[55, 66] However, the high PDIs and relatively low range of MWs investigated (Typically up to a 
number average molecular weight, Mn, of about 50 to 80 kDa) renders possible considerations on MW 
weaker due to the considerable overlap among each MW distributions. Moreover it is not known 
whether the effects of chain entanglement[14c, 67] are important for the highest molecular weight chains. 
In this respect, systematic studies like reported for rr-P3HT and PBTTT, are needed to better elucidate 
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the effects of MW and PDI on the semiconducting properties of this new class of polymers. In this 
chapter, we employ standard Stille coupling polymerizations and subsequent MW fractionation by pre-
parative gel permeation chromatography to precisely characterize the effect of MW on the properties of 
two rigid backbone diketopyrrolopyrrole-thienothiophene copolymers, coded PDBT-TT and PDPP4T-
TT. We isolate fractions ranging from Mn of 6 kDa to 160 kDa with extremely low polydispersity (PDI 
< 1.3) and characterize the fractions optoelectronic properties, thin film molecular packing behavior, 
and charge carrier mobility.  
 
4.2 Results and discussion 
4.2.1 Synthesis and MW fractionation 
Scheme 4-1 shows the chemical structures and the synthetic route to the studied polymers. Long and 
branched alkyl chains (1- bromo-2-decyltetradecane) were used to insure high solubility and high MW. 
The corresponding stannylated thienothiophene 2 was coupled by Stille coupling with 2-bromo, 3-do-
decyl thiophene to obtain 3 with a 50% yield. Subsequent stannylation of 3 with trimethyl tin chloride 
yields 4 as a yellow solid. PDBT-TT was obtain by Stille coupling based polymerization of 1 and 2 
using Pd2(dba)3 as catalyst while PDP4T-TT was obtain under the same reaction conditions using 1 and 
4. 
                   
Scheme 4-1. Synthesis of PDBT-TT and PDP4T-TT polymers and related monomers. a) Pd2(dba)3, 
chlorobenzene, 100°C, 24h.   
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As shown in the analytical GPC traces in Figure 4-1 (grey line), initial crude batches of PDBT-TT and 
PDPP4T- TT with number-average molecular weights of respectively Mn = 65.6 kDa (PDI= 1.9) and 
Mn = 25.5 kDa (PDI = 2.4) were obtained. The Stille coupling based step-growth polymerization used 
to obtain these polymers produced batches with extremely high polydispersity indexes as expected. To 
access a range of samples with variable Mn and a low PDI we employed preparatory size exclusion 
chromatography (Prep-SEC) which affords the separation of polymer chains based on their characteris-
tic hydrodynamic volume in solution. To avoid aggregation and precipitation of longer polymer chains 
inside the column, the prep-SEC system was maintained at a relatively high temperature (80 °C), and 
low concentration of polymer was used in the mobile phase (chlorobenzene). As common practice the 
molecular weights are calculated through a calibration curve based on poly(styrene) standards. Starting 
from initial crude batches with PDI of about 2.0 it was possible to isolate fractions in quantities in the 
milligram range with Mn ranging from 9 to 160 kDa and a narrow PDI (typically 1.1−1.3) as shown in 
representative analytical SEC traces (Figure 4-1). Due to the lower crude MW obtainable in the 
polymerization of PDPP4T-TT, the highest MW fraction isolated was 70 kDa, while in contrast higher 
Mn fractions were accessible for PDBT-TT (up to 160 kDa). 
 
 
Figure 4-1. Analytical size exclusion chromatograms of selected a) PDBT-TT and b) PDPP4T-TT frac-
tions separated by prep-SEC are shown as the normalized detector response versus elution volume of 
the mobile phase. The grey line represents the crude polymerization chromatograph. The reported Mn 
and PDI values for each fraction are versus polystyrene standards. For clarity, not all fractions employed 
in subsequent analysis are shown here. 
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The optical absorption spectra of low and high MW fractions of PDBT-TT and PDPP4T-TT in dilute 
chloroform solution (0.1 mg/ml) and in solid state thin-films (on OTS-functionalized glass) are shown 
in Figure 4-2.  Both polymers show absorption profiles to be dependent on the MW. In particular, low 
MW PDBT-TT presents two peaks at wavelengths of 690 and 750 nm in the solid state. These peaks 
are red-shifted to 760 and 820 nm in the high MW fraction and the lower energy peak strengthens in 
relative intensity.   This increase in lower energy absoption is usually attributed to the increase in exciton 
delocation distance due to physical aggregation of the chains.[68] Indeed, this trend is already seen in 
dilute solution. Whereas the low MW fraction does not show a clear low energy absoption peak in 
solution (suggesting the absence of agregation) the low energy peak dominates in the high MW fraction  
suggesting that 160kDa PDBT-TT forms aggregates in solution which are then carried over into the 
spin-cast film. At least, the difference in absorption profile between low and high MW PDBT-TT sug-
gest that MW has a drastic influence on the thin film formation and microstructure. In stark contrast, 
PDPP4T-TT shows only a marginal dependence of its optical properties on MW. More precisely, similar 
profiles are observed for both low and high MW and only a weak red-shift in the UV-vis absorption 
spectrum is observed from solution to thin film. However, the appearance of a low-energy peak in the 
absortion profile in the solid state represents a clear indication of interchain inteaction in the thin films.  
 
 
 
Figure 4-2. Normalized UV-vis absorption spectra for PDBT-TT and PDPP4T-TT in chloroform solu-
tion (broken lines) in thin film (solid lines) format. The molecular weight of each fraction is indicated.  
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4.2.2 Effect of MW on the charge carrier mobility 
To evaluate the charge transport properties in the thin film format as a function of MW, field effect 
transistors were prepared in the coplanar bottom-contact configuration with an octadecyltrichlorosilane 
(OTS)-functionalized SiO2 dielectric by spin coating the polymer solution in chloroform into films with 
thickness ranging from 50 to 60 nm. After spin-coating, all devices were subsequently examined at 
room temperature under a nitrogen atmosphere in the as-cast state and after a thermal annealing treat-
ment (180 °C, 20 min, slow cooling). The p-type field effect charge carrier mobility, μFET, was extracted 
from the current−voltage data (i.e. the corresponding transfer curves) in the saturation regime. The av-
erage measured μFET (over at least 5 transistors) as a function of Mn for PDBT-TT and PDPP4T-TT is 
shown in Figure 4-3 for the thermally annealed films. The charge carrier mobility of our best performing 
annealed TFTs of PDBT-TT and PDPP4T-TT were found respectively to be up to 0.3 cm2 V-1 s-1 and 
0.03 cm2 V-1 s-1, which is consistent with previous studies and with comparable number-average molec-
ular weights.[64] For both polymers we observe a particularly low mobility at extremely low Mn on the 
order of 3×10-4 cm2 V-1 s-1.  
 
 
Figure 4-3. Average extracted (saturation regime) field-effect charge carrier mobility, μFET, of an-
nealed (180 °C, 20 min) PDBT-TT (blue continuous line) and PDPP4T-TT(green continuous line) frac-
tions as a function of number-average molecular weight, Mn. Error bars corresponding to one standard 
deviation on multiple devices are also shown.  
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Althought charge carrier mobility-molecular weight plots are routinely reported to directly relate elec-
tronic behavior with the overall polymeric mass, these plots are not anymore accurate when comparing 
polymers constituted of extremely different repeating units’ molecular mass. In this respect, the overall 
conjugation length, as a product of degree of polymerization and the length of the conjugated repeating 
unit, is a more suitable metric, in place of MW, to relate the effective rigid and conjugated chain length 
with the corresponding charge carrier mobility. The accurate exitimation of the true length by GPC is 
however still problematic due to the ubiquitous use of polystyrene standard as mean for MW calcula-
tions.[57] In the specific case of the polymers under investigation in this chapter, both the similar rigid 
nature and hole mobility-MW trend shown in Figure 4-3 still allow a quantititative comparison between 
PDBT-TT and PDPP4T-TT. An increase in Mn from 9 kDa to 30 kDa brings an increase in μFET of two 
orders of magnitude in PDBT-TT and only one in PDPP4T-TT. The maximum μFET for PDBT-TT was 
achieved with the 80 kDa fraction, and further increase of the Mn did not produce a statistically signifi-
cant decrease in μFET, and the charge transport properties can be considered to be essentially constant 
between 80 and 160 kDa based on our results. PDPP4T-TT generally follows the same trend as PDBT-
TT however, the unavailability of fractions with Mn greater than 70 kDa prevents the observation of any 
saturation of μFET.  With respect to the thermal annealing (not shown in Figure 4-3) we note a systematic 
but small increase of μFET for both polymers. For the 70 kDa PDBT-TT an increase from 0.1 to 0.2 
cm2V-1s-1 was observed from the as-cast film after 180°C for 20 min while the PDPP4T-TT increased 
from 0.01 to 0.03 cm2V-1s-1. In addition we performed a preliminary investigation of the effects of the 
PDI. As previously mentioned, similar polymers reported in the literature typically possess much larger 
polydispersity (PDI > 2), and due to the challenges in directly controlling PDI, the effect of this aspect 
on the charge carrier mobility is usually overlooked.[69] In order to assess the effect of the PDI on the 
electronic performance compared to the narrow PDI fractions investigated herein, MW fractions with 
PDI larger than two were produced by combining different MW fractions. Thin film transistors prepared 
with assembled sample of PDPPBT-TT (Mn = 18 kDa, PDI = 2.2) and PDPP4T-TT (Mn = 14 kDa, PDI 
= 2.1) were found to exhibit average μFET of 6.0 × 10-4 (??3.4 x 10-5)?and 2.7 × 10-4 (??2.1 x 10-5) cm2V-
1s-1, respective. 
 
4.2.3 Thin films morphology 
In order to gain insight about the relationship between charge carrier mobility and morphology, we 
examined the topography of the transistor thin films by atomic force microscopy (AFM). Height images 
for the different MW for PDBT-TT and PDPP4T-TT are shown in Figure 4-4. It worth stating that while 
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AFM only measures the surface morphology, and not the buried dielectric/polymer interface where the 
charge transport is known to occur, inferences relating the charge transport to the topography are valu-
able and commonly drawn in bottom contact transistors. Indeed, similar to the extracted μFET for the 
polymers presented here, the thin film morphology is affected by the MW. In contrast to low-MW (< 
20 kDa) rr-P3HT and PBTTT, which form well-defined fibrils, the topography of low MW fractions of 
both DPP-based polymers under investigation here suggest randomly oriented spherical and poorly in-
terconnected aggregates (ca. 200 nm in size, See Figure 4-4a and 4-4d) which give rise to a high surface 
roughness of the film (RMS roughness of about 5 nm for both films). As the chain length of PDBT-TT 
increases to 45 kDa (Figure 4-4b), the surface morphology shows hints of fibril formation on the order 
of 100 nm in length and randomly oriented on the substrate. A decrease in surface roughness from 4.9 
nm (for the 12 kDa fraction) to 0.8 nm (45 kDa fraction) is also noted. Further increase in the MW up 
to 82 kDa (Figure 4-4c), suggests an enhancement in length and width of PDBT-TT fibers (reaching 
500 nm in length). Previous studies on rr-P3HT and PBTTT suggest that the polymer chains in similar 
types of structures are highly ordered driven by π-π stacking, and the chain length. The width of the 
fibers were found to be consistent with the polymer chain length, suggesting chains are fully extended 
and aligned perpendicular to the fiber axis.[70]  
 
 
Figure 4-4. Tapping-mode atomic force microscopy images of the surface morphology of spin-cast thin 
films of PDBT-TT of a) 12 kDa b) 45 kDa c) 82 kDa and PDPP4T-TT of d) 6.5 kDa e) 72 kDa  
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Similarly, the diameter of the PDBT-TT fibers shown in Figure 4-4 is constant across each film but 
notably varies with Mn. For the 45 kDa fraction the peak-to-peak distance in the topography data was 
found to be 35 nm while the 82 kDa fraction showed a distance of 100 nm. The corresponding degree 
of polymerization of PDBT-TT at 32 kDa and 85 kDa is, respectively, n = 27 and n = 72. Assuming that 
a single polymer chain extends the full length of the fiber with a repeating unit of 1.60 nm, it should 
have a length of 43 nm at 35 kDa and 115 nm at 82 kDa. The discrepancy (10%) between the measured 
fiber length and the predicted lies within the experimental error in GPC-based calculation of Mn and 
AFM tip deconvolution in resolving fine features, and strongly suggests a similar type of self-assembly 
of the medium and high Mn PDBT-TT. 
 
4.2.4 Thin films microstructure determination 
In contrast to the well-defined features of PDBT-TT, at comparable high Mn (72 kDa) the PDPP4T-TT 
polymer reveals no hints of macromolecular organization in the surface morphology (Figure 4-4e). 
However, since the UV-vis data indicate that ordering over some length scale is reasonably occurring 
in the PDPP4T-TT, we sought to further characterize the microscopic organization of the polymer films.  
We analyzed out-of-plane X-ray reflections from thin films in a grazing incidence geometry for both 
the PDBT-TT and the PDPP4T-TT as a function of Mn. Interestingly, all PDPP4T-TT fractions and 
even the low MW fraction of PDBT-TT (9.0 kDa) show no clear scattering in the 2D-GIXD images in 
the out-of-plane direction (see Figure 4-6), suggesting only weak self-assembly.  
 
Figure 4-5. (a) Specular profiles grazing incidence x-ray diffractograms are shown as a function of the 
scattering vector qz, for PDBT-TT of 30 kDa (red line) and 80 kDa (blue line). (b) Grazing incidence 
peak arching analysis (Azimuthal cut data) for the (200) peak for PDBT-TT of 30 kDa (red line) and 80 
kDa (blue line).  
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However, clear diffraction was noted for the medium and high Mn PDBT-TT films. Figure 4-5a reports 
the out-of-plane scattering for PDBT-TT corresponding to lamellar packing (h00) with side chains pref-
erentially oriented normal to the substrate.The (200) peak was found at a value of the scattering vector, 
qz, of 0.63 Å-1 corresponding to a d-spacing of 20 Å, which is in good agreement with the value previ-
ously found by Zhang et al[71]. Interestingly, the high MW fraction has a higher degree of crystallinity 
compared to the medium weight fraction as shown by the strong intensities of (h00) diffractions along 
the qz. Given the non-interdigitating nature of the long branched solubilizing chains, we found no effect 
of MW on the d-spacing of as previously reported for PBTTT. In addition we note that the crystal 
domains in the high MW fraction were better oriented to the substrate compared to the medium MW 
fraction as suggested by the arc shape of the (200) in the 2D-GIWAX images (see Figure 4-5b for the 
Azimuthal cut data) 
 
 
Figure 4-6. 2D-GIXD images of PDBT-TT polymer at (a) 9 kDa (b) 35 kDa and (c) 85 kDa.  
 
3.2.5 Charge transport across grain boundaries in DPP-based copolymers 
Further insight into the role of the different chain lengths on the overall transport properties can be 
gained by combining low-MW fractions of Mn = 9 kDa and Mn = 6.1  kDa for PDBT-TT and PDPP4T-
TT respectively with varying amounts of a high mobility high-MW fraction (70-80 kDa) of the respec-
tive polymer. In transistor devices prepared identically to those discussed above, the field-effect charge 
carrier mobility as a function of the fraction of high-Mn polymer was extracted from the saturation 
regime, and is shown in Figure 4-7. Interestingly, for both the semicrystalline PDBT-TT and the (pre-
sumably) amorphous o PDPP4T-TT an increase of μFET was observed upon combining the low and high 
molecular weight in a weight ratio ranging from 5% to 25%. While pure low-MW fractions exhibited 
 74 
 
mobility ranging from 2 × 10-4 to 9 × 10-4 cm2V-1s-1, increasing the amount of high-molecular-weight 
chains increased μFET until 0.07 cm2V-1s-1for PDBT-TT and until 0.02 cm2V-1s-1 for PDPP4T-TT. Fur-
ther increase in the fraction of long chains showed no additional increase in charge carrier mobility. The 
morphology of the 25 % high MW 75% low MW mixture for PDBT-TT is shown in the inset of Figure 
4-6 and suggests features more similar to the pure high MW fraction indicating that the long chains are 
dominating the morphology of the film. In comparison with our previous work on blending PBTTT low 
MW (5.8 kDa) with high MW in which a sharp increase in mobility was recorded just upon the addition 
of 5% weight ratio, for PDBT-TT and PDPP4T-TT a much higher weight ratio of high-MW was re-
quired in order to attain a substantial improvement in the charge carrier mobility. In contract we note 
that in work by Salleo and coworkers on rr-P3HT a different behavior was observed where the addition 
of a small amount of long chains had little effect on the overall charge carrier mobility.[69]  The differ-
ence in these behaviors are a point of interest which will be addressed in the discussion section. 
 
 
Figure 4-7. Average extracted (saturation regime) field-effect charge carrier mobility, μFET, of annealed 
(180 °C, 20 min) PDBT- TT and PDPP4T-TT fractions as a function of weight fraction of high-MW 
polymer chains in the blend with 6.1 kDa for PDPP4T-TT and 9 kDa for PDBT-TT. The inset shows 
tapping-mode atomic force microscopy of spin cast film of 25% high MW blend. The image represents 
and film area of 2 μm × 2 μm. 
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4.3 Conclusions 
 
All the analysis presented so far point to a general conclusion that in the DPP-based polymers investi-
gated here, the charge carrier mobility is extremely sensitive to chain length variation especially in the 
low-medium MW range. Low MW fractions of DPP-based polymers are characterized by disordered 
aggregates that have poor charge transport properties due to low degree of crystalline organization. 
Similarly, low MW fractions of semicrystalline polymers like PBTTT are known to be characterized by 
comparable low charge carrier mobility due to the presence of high grain boundaries density at fiber-
like aggregate interface but highly crystallinity in the in-plane (010) π-π stacking direction and out-of-
plane interdigitated lamellar stacking direction (100). In the DPP-based polymers investigated herein, 
the increase in charge carrier mobility at higher MW suggests that the threshold MW from which film 
formation and inter-chain connectivity is achieved is much less defined as compared to PBTTT films. 
Previous studies on a rigid quadriquinone-based semiconducting polymer, unexpectedly showed con-
stant hole mobility through the whole range of MW investigated (12 kDa – 46 kDa, PDI > 2) in spite of 
a switch from no preferential lamellae orientation in edge-on direction at low-MW to an higher density 
of out-of-plane lamellae at high MW.[72] Instead both DPP-polymers, investigated here, showed an in-
crease in hole mobility of one (in PDPP4T-TT) and two orders of magnitudes (in PBDT-TT) in the 
range from 9 kDa to 30 kDa, without major increase in chain organization. This behavior is however in 
stark contrast to comparable MWs in polythiophenes, which are instead characterized by considerable 
change in surface morphology in the aforementioned MW range. Owing to the higher backbone rigidity, 
both high MW fractions of the DPP-based polymers show some indication of aggregating behavior even 
in dilute solution, which is likely preserved (or enhanced) in the thin film during spin casting. For 
PDBT-TT, this manifests into the formation of detectable crystalline domains in the solid state. These 
observations are well supported from the UV-Vis absorption spectrum in the solid state. Indeed, the 
slight red-shift observed from solution to the solid state for low and high MW suggests that PDPP4T-
TT does not both π-stack either improve chains organization, hence is expected to form highly amor-
phous films. Interestingly, in a completely amorphous PDPP4T-TT, relatively high hole mobilities ( 
μFET = 0.03 cm2 V-1 s-1 ) have been found in spite of the absence of self-assembled features and crystal-
line domains (Figure 4-4f). Overall our data point to the conclusion that the highest charge carrier mo-
bility in thin films can be achieved only when the interconnectivity of the rigid chains is greatly im-
proved as a result of the presence of sufficiently long chains (Mn of ca. 70 kDa). As shown by PDBT-
TT, achieving self-assembly of long chains, even if disoriented, is however highly desirable since do-
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mains can be largely connected by long-tie molecules still present in the fraction. In contrast, semicrys-
talline polymer like rr-P3HT and PBTTT show respectively a flattening and gradual decrease in charge 
carrier mobility at ultra-high MW. In this regime, the lower transport of an interdigitating polymer like 
PBTTT is normally explained in terms of chain entanglement that hinders both intrachain carrier 
transport by increasing the density of backbone twist and folds, while also impeding interchain hopping 
by decreasing π-overlap among surrounding chains.   
In summary, we showed how chemically similar DPP-polymers can have different microstructures as a 
function of MW while presenting the same trend in terms of charge carrier mobilities. In this class of 
less ordered polymers, the highest charge carrier mobilities are exclusively obtained exploiting the ef-
ficient intrachain transport occurring across long and rigid chains. The results presented here seem to 
suggest that the presence of poorly crystalline low-medium MW chains is only detrimental for the over-
all hole mobility in crude batches. Therefore avoiding massive presence of disordered low MW chains 
and selecting the highest possible Mn (i.e. M > 80 kDa) is necessary in order to optimize charge carrier 
mobility in poorly ordered films. In this view, achieving (or if not possible, fractionating by prep-SEC) 
the highest possible MW may be a viable strategy to optimize the performance or improving specific 
properties polymeric devices like in TFTs. 
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Chapter 5 
 
Controlling conjugated polymer morphology and 
charge carrier transport with a flexible-linker ap-
proach 
 
5.1 Introduction 
In the previous chapters, we have shown how polymer molecular weight (MW) and conjugated back-
bone rigidity have been established as fundamental structural factors that affect the morphology and 
accordingly the charge carrier mobility, μh in field-effect transistors (FETs). While short, stiff chains 
exhibit advantageous self-assembly and high crystallinity driven by π-π stacking, the presence of a two-
phase morphology where π-stacked crystalline moieties are interconnected by (long) flexible macro-
molecules has been identified as being a requirement for high μh.[62], [25, 28] In contrast, studies using long 
and stiff polymers chains suggest that only occasional π-stacking is required while quasi-1D intramo-
lecular transport is the most important factor.[19] A comprehensive understanding of these factors is 
complicated by the fact that the aspects of chain length and chain stiffness are intimately linked in any 
given polymer through the intrinsic chain rigidity, which is defined by the polymer repeating unit.[73] 
Because of this limitation is not possible to separately tune the polymer chain length and overall chain 
stiffness. However, this ability would undoubtedly advance the capability to rationally control chain 
self-assembly and thin-film morphology while also affording fundamental insights into the factors that 
link structure, morphology and performance of polymer semiconductors.[74] In order to illustrate this 
concept we sought to design a novel class of semiconducting polymers where the conjugated segment 
length and the polymer chain length can be independently controlled. Herein we describe the preparation 
and purification of a prototype polymer of this class by covalently linking low MW rigid conjugated 
segments with flexible aliphatic linkers. To demonstrate this new type of polymer we chose poly(2,5-
bis(3-dodecylthiophen-2-yl)thieno(3,2-b)thiophene) (PBTTT-C12) as a model system given its demon-
strated high charge carrier mobility, which is known to be strongly influenced by the thin film morphol-
ogy and molecular weight of the polymer chains.[4, 14c, 63] 
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5.1 Results and discussion 
5.2.1 Synthesis and product purification 
 
Scheme 4-1 details the synthetic route employed, which began with the preparation of short rigid 
segments of PBTTT-C12 via the standard Stille-coupling based polycondensation.[14a] A reaction 
feed ratio of ca. 1.7:1 between the brominated bithiophene (1) and the stannylated thienothio-
phene (2) was employed to control the molecular weight and favour bromine end groups. The 
crude polymer was purified with preparatory size exclusion chromatography (prep-SEC) to yield 
(3) with a number average molecular weight, Mn, of 11.7 kDa and a low polydispersity index, 
PDI, of 1.19 relative to polystyrene (PS) standards. A correction factor[14c] of 1.5 on GPC-cal-
culated MW implies an actual degree of polymerization of n = 10–12, and MALDI-TOF MS 
confirmed that more than 90% of (3) was terminated by two bromine end groups, while a small 
amount of H/Br end groups (less than 10% were detected, Figure 5-1a and Figure 5-1b).  
 
 
 
 
Scheme 4-1. Synthetic route towards the flexibly-linked PBTTT (7). Reaction conditions: a) 
Pd2(dba)3, P(o-Tol)3, 24h, CB, 100°C, b) Mg in THF, 0°C to RT, c) 3-bromothiophene, 
Ni(dppp)Cl2, -30°C to RT , d) n-BuLi/TMED, THF, -78°C to RT and e) Me3SnCl, THF, -78°C 
to RT. 
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The remaining Br/Br functionality on the short PBTTT polymer 3 allowed the coupling with the 
non-conjugated linker (6) again under standard conditions.[75] Given the difficulty to obtain high 
conversions with large molecular weight substrates in Stille-coupling reactions, and the small 
amount of H/Br end groups present, a fraction of the starting polymer (3) was expected to remain 
after the coupling. However, analytical size exclusion chromatography (Figure 5-1c) of the 
crude coupling reaction (broken trace) confirmed the success of the coupling as the Mn of the 
product increased substantially compared to the starting material (grey trace).  
 
 
 
Figure 5-1. a) MALDI-TOF spectrum of compound 3 in reflection mode (left) and linear mode (right) 
using trans-2-(3-(4-tert-Butylphenyl)-2-methyl-2-propenyllidene) malononitrile as matrix b) Analyti-
cal size exclusion chromatographs of PBTTT starting material (3) (grey line), after polymerization with 
a flexible linker (dashed line) and the purified FL-PBTTT (7) (black line). The reported Mn values and 
polydispersities are calculated versus PS standards. (c) UV-Vis Absorption spectra of thin films of low MW-
PBTTT 3 and the flexible linker polymer 7 in the “as cast state” and after thermal annealing at 180°C.  
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After purification by prep-SEC, it was possible to isolate a high molecular weight fraction of (7) 
in milligram quantities while also minimizing any contamination from residual starting polymer 
(3). Based on the analytical SEC characterization of the purified flexibly-linked polymer, FL-
PBTTT (7), (Figure 5-1c, solid black trace, Mn = 56.0 kDa), the secondary degree of polymeri-
zation, m, was estimated to be 4–5. 
 
5.2.2 Thermal properties 
 
Analysis by differential scanning calorimetry (DSC, Figure 5-2b) revealed unique thermal prop-
erties of the FL-PBTTT (7) compared to the starting polymer (Figure 5-2a). Previous reports 
have shown that PBTTT with Mn > ca. 30 kDa exhibits two endothermic transitions at ca. 120°C 
and 230°C corresponding to the side-chain and conjugated backbone melting, respectively.[5b, 76] 
The presence of a mesophase between these two transitions has been attributed to the formation 
of a thermotropic liquid crystalline phase that is critical to achieve the self-assembly observed 
in the best performing thin films.[54a] In contrast, PBTTT with Mn < ca. 12 kDa typically shows 
only one transition at ca. 170°C,[5b] consistent with a lowered backbone melting temperature 
expected with a shorter chain length and the absence of the side chain transition. This behaviour 
is presumably caused by the dominating crystallization of the conjugated backbone during cool-
ing, which limits organization of the side chains.[25]  
 
 
 
 
Figure 5-2. Second heating/cooling thermographs (baseline corrected) from differential scan-
ning calorimetric analysis of (a) polymer 3 and (b) FL-PBTTT 7. The heating and cooling rates 
were 20°C/min. 
H
ea
t F
lo
w
 (e
nd
o 
up
)
2001601208040
Temperature (°C)
Th,2
Th,1
Tc,2
Temperature (°C)
0.2 mW mg –1
Heating
Cooling
(a) Th,2
Tc,2
H
ea
t F
lo
w
 (e
nd
o 
up
)
(b)
Heating Cooling
0.2 mW mg –1
2001601208040
 81 
 
 
For our starting polymer (3) the second heating and cooling curves, shown in Figure 5-2a, ex-
hibit the thermal behaviour anticipated for the low MW PBTTT with one endothermic transition 
during heating at 170°C. Our newly-synthesized FL-PBTTT (7) exhibits an endothermic transi-
tion at the same temperature, however an additional distinct endothermic transition at 95°C is 
also observed (Figure 5-2b). We note that this behaviour is similar to that of high MW PBTTT 
albeit transitions occurred at lower temperatures. In addition, both polymers 3 and 7 showed 
similar enthalpies of crystallization upon cooling (ΔHc = 9.8 and 8.6 J g–1, respectively), sug-
gesting that our linking strategy did not affect the ability of π-conjugated segments in the FL-
PBTTT to crystallize. This is supported by solid-state UV-Vis spectra (Figure 5-1d) which con-
firm similar absorption properties between polymers 3 and 7 including the presence of a shoulder 
at 600 nm, commonly ascribed to vibronic coupling induced by π-π stacking, this further indi-
cates that the conjugation length has not been significantly altered by our linking approach.  
 
5.2.3 Topological and microstructure characterization 
 
In addition to thermal behaviour, the microstructural properties of solution-cast PBTTT thin 
films have been considered to be critical for the electronic performance. [4, 77].  PBTTT with Mn 
between 20 and 60 kDa typically exhibits large-area terrace structures when cast onto alkyl-
functionalized SiO2 substrates and thermally annealed in the mesophase between the two melt-
ing temperatures.[14c] This characteristic morphology can be observed by atomic force micros-
copy (AFM, Figure 5-3e) and by grazing incidence x-ray diffraction (GIXD, Figure 5-4b).  
In this characteristic morphology, polymer chains self-assemble with their alkyl groups extend-
ing in a direction perpendicular to the substrate while the conjugated backbone forms π-stacked 
lamellae parallel to the substrate.[15] The topographical profile along the indicated diagonal line 
in each case is shown below.  Alternatively, low MW PBTTT (10 < Mn < 20 kDa) exhibits a 
characteristic fibril or haystack type morphology as reported in Figure 5-3d.[5b, 14c] In this case 
the morphology is dominated by the strong organization in the π-stacking direction, and indi-
vidual chains are unlikely to extend to adjacent crystal domains. This results in a relatively 
higher concentration of grain boundaries and poorer alignment with the substrate compared to 
the terrace-forming case. In order to gain insight into how the unique assembly of the FL-PBTTT 
affects its microstructural properties, we next spin-casted films from o-dichlorobenzene onto 
octyldecyltrichlorosilane (OTS)-functionalized SiO2 substrates to yield films that were ca. 60 
nm thick (avoiding confinement effects[63]). 
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Figure 5-3. Tapping mode AFM topography of  a) FL-PBTTT as cast from o-dichlorobenzene 
20 mg mL–1, b) FL-PBTTT after annealing at 130°C, c) after annealing at 180°C d) starting 
polymer 3 and e) 50 kDa PBTTT (fully conjugated) annealed at 180°C. f) Polarized optical 
microscopy (epi-illumination) of the starting polymer 3 after annealing at 180°C on OTS-treated 
SiO2 substrates.  
 
 
The as-cast topography of a thin film of 3 (Figure 5-3d) exhibits a root mean square (RMS) 
roughness of 6.1 nm and clearly shows the expected fibril-like structures, which are of the order 
of 1 μm in length and isotropically oriented on the surfaceGIXD patterns show strong out-of-
plane reflections corresponding to the d-spacing (h00) peaks (between the π-stacked lamellae). 
The arched shape of the peaks suggests that the starting polymer crystallizes with the lamellae 
poorly aligned with the substrate. [15] AFM topography of the as-cast films of FL-PBTTT (Figure 
5-3a) establishes a comparable presence of spatially confined fibrils of 30 nm in width and ca. 
300 nm in length as previously seen for low MW of PBTTT. This confirms the results from the 
DSC and UV-Vis data in that our flexible linker approach does not impede the π-π stacking 
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between conjugated segments. AFM image (Figure 5-3a) also suggests an improved fibril inter-
connectivity compared to polymer 3 as supported by the lower measured surface roughness 
value of 3.5 nm. The apparent improvement in microstructural organization was confirmed by 
the considerably more elliptical (less arching) shape of the (h00) peaks observed by 2D-GIXD 
(see also peak shape analysis Table 5-1) suggesting an unexpected alignment of π-stacked la-
mellae parallel to the substrate after spin-casting the film. We note that the intensity of the (h00) 
peaks are less than those observed in the film of polymer 3 suggesting a kinetic limitation for 
crystallization during spin-casting induced by the flexible linker. This observation is consistent 
with a higher degree of entanglement of the polymer chains in the FL-PBTTT.  
The effect of thermal annealing the FL-PBTTT on the thin film morphology was next investi-
gated. After treatment at 130°C (between the two thermal transitions) and cooling to room tem-
perature, the RMS roughness of the FL-PBTTT film decreases slightly to 2.2 nm (Figure 5-3b). 
While the 30 nm fibre thickness remains preserved, the length of the fibres appears qualitatively 
shorter. GIXD plots of the film after annealing reveals a considerably higher intensity of (h00) 
peaks suggesting thermally induced self-assembly of the π-stacked lamellae. 
However, a clear increase in arching of the (100) peak indicates that the crystalline domains lose 
orientation with respect to the substrate. After annealing at 180°C (above Th,2) the FL-PBTTT 
film remains continuous and AFM (Figure 5-3c) reveals considerably smoother films (RMS 
roughness of 0.8 nm) and crystalline domains on the order of a few hundred nanometers in size. 
Surprisingly, terrace-like features appear with lateral dimensions on the order of hundreds of 
nanometers and step heights of 2 nm (consistent with the d-spacing in PBTTT-C12[14b]). In con-
trast to the smooth terrace structure observed in 20–50 kDa PBTTT (Figure 5-3f), an embedded 
fibre substructure is observed with the FL-PBTTT, suggesting a hierarchical organization of the 
conjugated segments which are presumably π-π stacked in fibres and forming lamellae aligned 
with the substrate. This model is supported by the GIXD which clearly shows a reversal from 
the peak arching (observed after annealing at 130°C) to sharp and elliptical (h00) peaks con-
firming the return of the film to a domain orientation more coherent with the substrate.  
We note that the intensity of the (h00) peaks decreases slightly from the 130°C case, and is 
considerably less than observed with 50 kDa PBTTT processed at the same conditions (Figure 
5-3e),  but remains higher than the as-cast state (See Figure 5-4e). The observed transformations 
of the thin-film morphology of the FL-PBTTT by thermal annealing are in stark contrast to the 
behaviour of standard (fully conjugated) PBTTT for all MWs. 
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Figure 5-4. In situ 2D GIXD plots of the same films with the vertical direction corresponding to the 
out-of-plane scattering vector, qz, and the horizontal direction corresponding to qxy. Red areas represent 
the highest scattering intensity while blue represent the lowest. (f) qZ cuts of the GIXD profiles extracted 
from the 2D images. The data represent the scattering intensity in the out of plane direction (i.e. qxy= 
0). 
 
 
When the starting polymer 3 was annealed, no change in morphology was observed until the 
temperature surpasses 180°C, in accordance with the DSC results. Annealing at this temperature 
causes the films to partially segregate from the substrate and micrometer sized domains visible 
by eye and in polarized optical micrographs (Figure 5-3f) are formed. In addition, we note that 
de-wetting also occurs in films of higher MW, terrace-forming PBTTT on OTS treated SiO2 
when annealed past the second thermal transition,[76] whereas PBTTT with Mn > 60 kDa does 
not form terraces after annealing, presumably due to chain entanglement.[14c] The differences 
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clearly evidence that the flexible linker approach offer a unique level of control over the polymer 
chain self-assembly and thin film microstructure. In addition, our results suggest that the ability 
to form the ordered terrace-like structure is not defined by the conjugated segment length, but 
rather the overall length of the polymer chain.. 
 
 
 
Figure 5-5 Grazing incidence peak arching analysis for the (200) peak. The Full Width at Half 
Maximum (FWHM) of the Azimuthal cut data from Figure 5-4 are compared to quantify the 
shape of the peak. FWHM values were obtained via fitting the peaks with Voigt functions. 
Higher values of the FWHM ratio indicate more arched shape while lower values represent more 
cylindrically symmetric peaks. Lines colour is in accordance with the conditions use in Figure 
5-4f. 
 
 
 Table 5-1. Grazing incidence peak arching analysis for the (200) peak. The FWHM of the Azimuthal 
cut data and the qz cut data (Figure 5-5) are compared to quantify the shape of the peak. FWHM values 
were obtained via fitting the peaks with Voigt functions. Higher values of the FWHM ratio indicate 
more arched shape while lower values represent more cylindrically symmetric peaks. 
 
Material Film condition 2D GIXD Fig-
ure location 
FWHM Azi-
muthal cut (°)  
FWHM qz cut  
(Å–1) 
FWHM 
ratio (°Å–1) 
Polymer 3 as cast Figure 5-4a 9.7 0.031 313 
FL-PBTTT 7 as cast Figure 5-4e 9.7 0.052 187 
 annealed 130°C Figure 5-4d 10.5 0.041 256 
 annealed 180°C Figure 5-4c 7.6 0.040 190 
56 kDa PBTTT annealed 180°C Figure 5-4b 8.5         0.053 160 
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5.2.4 Charge carrier transport in flexible linker polymers 
 
Electronic investigations using bottom-contact / bottom gate field effect transistors were next 
performed on the same thin-films (on OTS treated SiO2). Well-formed output curves were ob-
served for all conditions. Typical examples of the output Isd vs Vd data and the resulting transfer 
curves are shown in Figure 5-6. The values for μh, extracted from the saturation region, are 
shown in Table 5-2 as an average of at least three devices for each condition, along with the 
extrapolated threshold voltage, Vth and contact resistance, Rc. Regardless, the observed perfor-
mance of polymer 3 was found to perform similar to previously reports of PBTTT with Mn < 12 
kDa and PDI = 1.1.[14c] The partial de- wetting of the film after the annealing caused a drastic 
rise in Rc and a decrease in the measured μh by almost 2 orders of magnitude. The relatively 
large standard deviation indicates the variability of the device performance after annealing. 
Compared to the starting polymer, the FL-PBTTT exhibited a similar as-cast μh, but both Vt and 
Rc were found to be lower. This can be attributed to the formation of a more continuous film 
afforded by our flexible linker strategy. Interestingly, despite the substantial increase in crystal-
linity after annealing at 130°C the electronic parameters of 7 remained approximately constant. 
This can be rationalized in light of the topography, which suggests no improvement in domain 
connectivity and implies that the transport is mostly limited by grain boundaries. 
 
 
Table 5-2. Average electronic parameters of the transistors fabricated in this work 
 
Material Film condition μh (cm2 V–1 s–1) Vt (V) Rc (kΩ) 
Polymer 3 
 
as cast 
annealed 180°C 
0.01 ± 0.002 
0.01 ± 0.002 
+22 ± 3 
+18 ± 2 
77 ± 6 
4300± 300 
FL-PBTTT 7 as cast 0.01 ± 0.001 +6 ± 2 45 ± 5 
 annealed 130°C 0.015 ± 0.004 +6 ± 2 40 ± 5 
 annealed 180°C 0.04 ± 0.003 +8 ± 4 12 ± 3 
56 kDa PBTTT As cast 
annealed 180°C 
0.03 
0.08 
- 
- 
- 
- 
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However, annealing at 180°C afforded FET devices with substantially higher saturation currents 
(see Figure 5-6a), a decreased Rc and an increase in μh by a factor of 4 compared to the as-cast 
film. This drastic increase is in contrast to the observed decrease in overall crystallinity com-
pared to the 130°C annealed but correlates precisely with the improved alignment of the π -π 
stacking lamellae in the direction of charge transport. Taken together, our observations give 
further insight into the effect of morphology on charge transport. Since the FL-PBTTT material 
enables the evolution from a highly crystalline fibril-type morphology to a (less crystalline but 
aligned) terraced-type morphology without altering the chain length and accordingly the charge 
transport within individual chains (as supported by the unchanging UV-vis spectra), we can at-
tribute the 4-fold higher in the mobility to the improved intermolecular alignment afforded by 
the terrace morphology. This is in contrast to the recent conjecture that the relatively high μh 
observed in lamellar-stacked (terrace-forming) PBTTT is not due to the 2D charge-transport 
network afforded by self-assembly, but rather to the coincident enhancement of backbone co-
planarity that improves the intramolecular transport.[19] Indeed our results suggest that disrupting 
conjugation along the backbone does not destroy charge transport in the overall film as long as 
conjugated segments are able support long-range percolation through a 2D π-stacking network. 
While a large increase in the mobility can be achieved solely through the development of an 
aligned intermolecular charge transport network, we note that a sample of terrace-forming, fully 
conjugated PBTTT with the same Mn as the FL-PBTTT (56 kDa) and a PDI of 1.1 yields a μh 
of ca. 0.08 cm2 V–1 s–1 using the same device geometry and annealing conditions, and the max-
imum μh was found to be 0.12 cm2 V–1 s–1 using 30-40 kDa PBTTT.[14c]   
While it is difficult to compare the performance of these polymers to the FL-PBTTT given the 
presence of the flexible linker, it is remarkable that the difference is only a factor of 2-3 between 
the FL-PBTTT and fully conjugated polymer. This highlight that both intermolecular alignment 
and transport within individual chains are important. Since the most recently reported polymers 
with state-of-the-art μh are comprised of rigid chains with extended backbone alignment for up 
to hundreds of nanometers (giving favourable intramolecular transport) but fewer π-stacking 
domains (limiting intermolecular transport),[19] our results suggest that further improvement can 
be gained through optimization of intermolecular transport in the film as presented here. Future 
optimization of the conjugated segment length, rigidity and the number of joined segments is 
expected to give further insights into the respective roles of intra-, and inter-molecular charge 
carrier transport as well as afford more precise control over chain self-assembly in conjugated 
polymer electronic devices. 
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Figure 5-6. Transistor output curves (left) and the resulting transfer curves (right) for all the 
conditions tested. Devices channel length and width were of 20 μm and 10 mm.  
 
5.3 Conclusions 
 
In this chapter, we have shown the successful preparation and purification of a prototype in a 
class of semiconducting polymer that allows independent control over the conjugated segment 
length and overall chain length by covalently linking low-MW conjugated segments with flexi-
ble aliphatic linkers. Our FL-PBTTT material exhibited improved thin-film formation compared 
to the low-MW starting polymer and unique thermal properties.  Importantly, our linking strat-
egy had a clear effect on the chain self-assembly and allowed control between distinct thin film 
morphologies without altering the chain length. This ability allowed us to gain insight into the 
important factors that direct the self-assembly between (highly crystalline) fibril-type structures 
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to (less crystalline) aligned terrace-type morphologies. The subsequent electronic characteriza-
tion of the thin films remarkably showed that including the non-conjugated linker did not dras-
tically reduce the charge transport. Rather the performance of the different films compared to 
their respective morphologies revealed the key role of a 2D π-stacking network aligned in the 
charge transport direction over films with high crystallinity and poorer alignment. Moreover our 
FL-PBTTT served as a model to understand the performance of fully-conjugated PBTTT by 
indicating that its relatively high performance is not solely due to improved intramolecular 
transport but that the 2D charge-transport network afforded by self-assembly contributes signif-
icantly to the high charge carrier mobility. These results support the view that the optimization 
of the intermolecular transport by chain self-assembly in aligned domains is a principle objective 
for improving charge transport in semiconducting polymer based devices. In addition, we expect 
that the success of our flexible linker approach at obtaining a unique level of control over the 
polymer chain self-assembly and thin film microstructure will find suitable application in the 
optimization of morphology in bulk heterojunction photovoltaics, sensors, OLEDs and other 
devices employing polymer semiconductors. 
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Chapter 6  
 
Enhancing thermal stability of solution-processed 
small molecule semiconductor thin films using a 
flexible linker approach.  
 
6.1 Introduction  
Preparative-SEC was shown so far to be a power tool to purify polymeric batches and reduce their 
microstructure complexity by obtaining samples with desirable low polydispersities to gain insights into 
charge transport mechanisms in conjugated polymers. However, Prep-SEC is still a too expensive and 
not scalable technique for industrial applications, thus in a large scale scenario, conjugated polymers 
would continue to present batch-to-batch inhomogeneities and purification issues from catalyst residues 
and unreacted species In this respect, the design of systems that overcome typical polymers’purification 
problem is thus of high interest. Molecular semiconductors instead offer direct purification, higher struc-
tural precision and batch-to-batch consistency to an extent more suitable for concrete industrial appli-
cations.[48] However, the strong tendency of conjugated molecular organic semiconductors to self-as-
semble into crystalline domains results in drawbacks like dewetting, poor thin film formation due to 
low solution viscosity, unpredictable crystalline domain sizes, and grain boundaries and that confound 
the morphological control and charge transport in devices fabricated from these materials. In particular, 
the need to control the thin film morphology is especially important for application in bulk heterojunc-
tion (BHJ) photovoltaics where the domain size between the electron donating and electron accepting 
phases must be precisely controlled to afford high power conversion efficiency.[78] For BHJ devices 
prepared with molecular semiconductor donors and the common small-molecule fullerene derivative, 
phenyl-C61-butyric acid methyl ester (PC61BM) as the acceptor, the crystallization of the donor phase 
has been recently shown to be the driving force for blend separation.[79] Thus developing strategies to 
afford control over donor crystallization is of paramount importance. While volatile additives like diio-
dooctane[80] and more recently non-volatile nucleation promotors[81] or insulating polymers[82] have been 
employed to offer control over the thin-film formation and crystalline domain size, these approaches do 
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not nominally act on the donor phase nor do they address the intrinsic stability of the thin film morphol-
ogy. Indeed, enhancing the long-term morphological stability of BHJ photovoltaics is one of the major 
remaining challenges in the field.[45, 47] Specifically, the inherent thermodynamic immiscibility of the 
donor and acceptor phases drives phase separation and eventually decreases device performance, even 
at normal operating temperatures.[83] Given the drawbacks of molecular organic semiconductors, the 
enhanced thin film thermal stability that has been achieved by using a “flexible linker approach[23] could 
reasonably provide a route to control over molecular donor crystallization and improve morphological 
stability in thin film devices. This strategy employed well-defined conjugated segments that are cova-
lently linked with flexible aliphatic chains into polymeric materials. Herein, we extend the flexible-
linker strategy to molecular organic semiconductors using a common small molecule donor, 3,6-Bis(5-
(benzofuran-2-yl)thiophen-2-yl)-2,5-bis (2-ethylhexyl)pyrrolo (3,4-c) pyrrole 1,4 (2H ,5H )-dione, 
coded as DPP(TBFu)2.[48] When the flexibly-linked material is employed as an additive in thin films, a 
unique level of control is observed over the morphology and the thermal stability of pure donor films 
in transistor devices and in blends with PC61BM for BHJ photovoltaics.  
 
6.2 Results and discussion 
6.2.1 Synthesis and purification 
The synthesis of the flexibly-linked DPP(TBFu)2 derivative (coded FL-DPP(TBFu)2) is shown sche-
matically in Scheme 6-1. In a first step, the Stille-coupling polycondensation between the brominated 
diketopyrrolopyrrole (1) core and the stannylated benzofuran dimer (4), followed by standard purifica-
tion yielded a broad PDI batch of FL- DPP(TBFu)2. Subsequent, preparatory size exclusion chromatog-
raphy of the crude polymerization batch yielded the targeted Flexibly Linked polymer (5) FL-
DPP(TBFu)2 with a number average molecular weight, Mn, of 10 kDa and a PDI of 1.4 (n ≈ 11-15) in 
the hundred-milligram scale (Figure 6-1a). 
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Scheme 6-1. Synthetic route towards the flexibly-linked FL-DPP(TBFu)2 polymer (5). Reaction 
conditions, a) Mg in THF, 0°C to RT, b) 3-bromothiophene, Ni(dppp)Cl2, -30°C to RT , c) n-
BuLi/TMED, THF, -78°C to RT and d) Me3SnCl, THF, -78°C to RT, e) Pd2(dba)3, P(o-Tol)3, 
24h, CB, 100°C. 
 
 
6.2.2 Thermal and optical properties of DPP(TBFu)2 as  an additive. 
To gain a first insight into the crystallization behavior of the FL-DPP(TBFu)2 polymer, we performed 
differential scanning calorimetry (DSC). The neat material did not exhibit a detectable glass transition 
nor enthalpic transitions associated with melting/crystallization in the temperature range of 50-240°C. 
However, when combined with the parent DPP(TBFu)2 small molecule, a significant change in the 
crystallization occurred. Cooling curves obtained after melting blends of the FL-additive (at a weight 
fraction, fFL) and the small molecule are shown in Figure 6-1b. A strong dependency on the DPP(TBFu)2 
crystallization temperature, Tc, upon addition of the FL-additive is clearly observed. With fFL at only 1 
wt%, a pronounced shift of the exothermic crystallization to higher temperatures is noted compared to 
the neat small molecule (fFL = 0). This observation is consistent with the behavior of a nucleation pro-
motor,[45, 81] suggesting the FL-additive acts to reduce the driving force needed to nucleate stable nuclei 
of  DPP(TBFu)2. The maximum shift of the crystallization onset was found to be ΔTc = 10 °C with fFL 
= 5 wt%, which is consistent in magnitude with recent reports of small molecule, non-conjugated nu-
cleation promoters.[45]  
 94 
 
 
Figure 6-1. a) Analytical size exclusion chromatographs of the crude polymerization (grey continuos 
line), after fractionation by SEC (black continuos line). The reported Mn values and polydispersities are 
calculated versus PS standards. (b) Differential scanning calorimetry cooling curves for different 
amounts of FL-DPP(TBFu)2 in DPP(TBFu)2. c) Uv-Vis absorption spectra in solution of DPP(TBFu)2 
small molecule ( grey line) and FL-DPP(TBFu)2  polymer (black line). d) Fluorescence spectra of 
DPP(TBFu)2 in solution with excitation at 620 nm (black solid line) and 700 nm (black dashed line) and 
of FL-DPP(TBFu)2 with excitation at 620 nm (red solid line) and 700 nm (red dashed line).  
 
For higher fFL the onset of crystallization returns to lower temperatures and the enthalpy of the crystal-
lization decreases, meaning the complete disruption of the ability of the blend to crystallize. We note 
that for fFL =1 and 5 wt%, comparable enthalpies of crystallization are observed (ΔHc = 34.7 and 30.1 J 
g–1, respectively) with respect to the neat material (39.9 J g–1) suggesting that the overall degree of 
crystallinity is not strongly reduced despite the addition of the amorphous FL-DPP(TBFu)2. Given the 
insulating nature of the aliphatic linker, the polymerization is not expected to further extend the conju-
gation length over several repeating units like in conjugated polymers. FL- DPP(TBFu)2 is thus expected 
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to retain the same bandgap and absorption profile of the conjugated molecule DPP(TBFu)2 .The UV-
Vis spectra in solution (Figure 6-1c) shows very similar absorption profiles between the single small 
molecule and the corresponding flexible linker polymer synthetized here. However, in the case of FL- 
DPP(TBFu)2  an absorption shoulder is observed extending further above 700 nm. In order to reveal the 
nature of this unexpected feature and to confirm the purity of the synthetic route used here, we per-
formed fluorescence measurements on the small molecule and on the newly synthetized  FL- 
DPP(TBFu)2 (Figure 6-1d). Interestingly, excitation at 700 nm doesn’t produce any emission in either 
materials, suggesting that the tail observed in FL- DPP(TBFu)2  absorption is probably caused by poly-
meric chain aggregation in solution.[68] 
 
6.2.3 Effect of flexible linker additive as a nucleation promoter in thin films 
The effect of our FL strategy on the on the charge transport properties of solution-cast thin films was 
next investigated in bottom-contact/bottom-gate field-effect transistors. Devices prepared with the neat 
FL material showed no field-effect mobility (μFET) confirming that the absence of crystalline ordering 
(as indicated by the DSC results) prevents long-range charge carrier transport. However, as-cast films 
of the FL material blended with DPP(TBFu)2 gave measureable μFET for a wide range of fFL, and for fFL 
up to 5 wt%, the values were comparable with the neat DPP(TBFu)2 film with μFET ≈ 1-2 × 10–5 cm2 V–
1s–1 (Figure 6-2). We note that the values of the as-cast μFET are similar to previous reports of the as-
synthesized small molecule (which contains a mixture of stereoisomers). AFM images in Figure 6-1 
show a slight increase in fiber diameter in films where FL-DPP(TBFu)2 was used as an additive. As 
annealing is typically performed to increase the crystalline ordering and to better charge carrier 
transport,[84] we next investigated the effect of the annealing temperature on transistors prepared with 
neat DPP(TBFu)2 (fFL = 0) and for fFL = 1 and 5 wt%. The results are shown in Figure 6-3. Annealing at 
50°C for 30 min improved μFET in all cases, however, subsequent annealing at higher temperatures 
caused a decrease in μFET for neat DPP(TBFu)2 devices. In contrast, the observed temperature depend-
ence is quite different in the presence of the FL additive. The measured μFET increases slightly as a 
function of temperature until 150°C for the 1 wt% devices, while the 5 wt% devices remain fairly con-
stant from 70°C - 150°C, suggesting that a more robust charge carrier transport network is created when 
adding the FL-DPP(TBFu)2.   
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Figure 6-2. (a) Average extracted field effect mobility as a function of FL-DPP(TBFu)2 weight per-
centage. Atomic force micrographs of as cast films with with b) 0 wt% c) 1 wt% and d) 5wt% of FL-
DPP(TBFu)2. Scale bar is 1 μm.  
 
 
To better establish the thermal stability of the active layer, a set of devices, prepared by annealing at 
100°C so that they have similar initial performance, were further subjected to a long-term thermal stress, 
with periodic quenching to 30°C for testing. The measured μFET is reported against the annealing time 
at 100°C in Figure 6-4. While μFET drops an order of magnitude for fFL = 0, a considerably smaller 
decrease is observed when fFL = 1 wt%, and notably at 5 wt% the performance remains constant. Visu-
alizing the active layer morphology with atomic force microscopy (AFM) gives further insight into the 
origin of the improved thermal performance of the transistors with the added FL-DPP(TBFu)2. As-cast 
films with 0-5 wt% of the FL additive all exhibit a similar fibril-type morphology, but with a slightly 
larger feature size when the additive was present. After the extended thermal stress test at 100°C for a 
total of 3 hours, a drastic difference is observed between the topology of the films as shown in Figure 
6-4. The neat (0 wt%) device exhibits small circular domains (ca. 100-200 nm) and a few longer shards. 
The disappearance here of the initial fibril type morphology may be due to a dewetting from the sub-
strate or possibly caused by the formation of defects during the rapid quenching process at the semicon-
ductor dielectric interface,[85] which propagate and alter the domain morphology. Indeed, the thermal 
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annealing of solution-processed molecular semiconductor films has recently been shown to induce the 
formation of trap states, likely at grain boundaries,  that reduce charge carrier transport.[35] 
 
 
 
 
Figure 6-3. (a) Average extracted field effect mobility as a function of thin film annealing temperature. 
Atomic force micrographs (b-d) show the topology of the thin film transistor active layer after annealing 
at 190°C with b) 0 wt% c) 1 wt% and d) 5wt% of FL-DPP(TBFu)2 .The scale bar is set at 2.5 μm. 
 
In stark contrast to the neat DPP(TBFu)2 devices, when  fFL = 1 or 5 wt%, films exhibit large banded 
features that are 200-500 nm in width and more than a micron in length after the extended annealing 
test. In addition, the roughness of the film decreases considerably with fFL = 5 wt%. The transistor device 
thermal stability data, together with the evolution of the morphology, demonstrate that the FL-
DPP(TBFu)2 actively participates in the stabilization of the thin-film charge transport network. In con-
trast to the typical behavior of a nucleation promotor, which increases the number of nucleation events 
thus leading to a smaller crystalline domain size,[81b] the FL additive also apparently promotes larger 
crystalline domains. Given the relatively short length of the FL polymer chain (ca. 40 nm) compared to 
the observed domain size, and the amount of FL additive employed, this explanation would be possible 
if the FL-additive is positioned at the crystal grain boundaries and a polymer chain bridged two adjacent 
domains. 
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Figure 6-4. (a) Field effect mobility as a function of annealing time at 100°C. Atomic force micrographs 
(b-d) show the topology of the thin film transistor active layer after 3.0 hours at 100°C with b) 0 wt% 
c) 1 wt% and d) 5wt% of FL-DPP(TBFu)2 . Scale bar is 500 nm. 
 
This is reasonable as the FL-additive is likely positioned at the grain boundary due to its action as a 
nucleation promotor. However, we do not suspect that the FL-additive can act as a traditional tie-mole-
cule, which typically would link many crystallite domains.  Another aspect that may affect the formation 
of a more stable charge transport network is the nucleation of a different crystal form of the DPP(TBFu)2 
via the FL additive. Indeed polymorph formation has been observed with stereoisomers of DPP(TBFu)2 
and are known to have an effect on the charge transport.[86] Analysis of thick films (deposited on SiO2 
and annealed at a high temperature of 190 °C, yet below the melting point, to maximize crystallinity) 
by grazing incidence wide angle X-ray scattering (GIWAX, Figure 6-5) supports the notion that a 
change in crystal formation could play a role. While at fFL = 0 the diffraction peaks match previously 
reported films annealed at low temperature (80°C),[81a] distinctive Bragg rods are observed when fFL = 
1 wt%, suggesting a thin film polymorphism. Analysis of the films annealed at 190°C by AFM supports 
this by indicating a clear change from fiber-like features (500 nm in width) observed in the neat film 
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(Figure 6-5a) to wide platelets observed with fFL = 1 wt% (Figure 6-5b). While the complete under-
standing of the complex role of the FL- DPP(TBFu)2 on the thin film crystallinity is undoubtedly beyond 
the scope of this initial demonstration of the flexible linker concept, the strong effect of the FL additive 
on the morphology and performance of donor-only films is clear.         
 
Figure 6-5. 2D GIWAXS images of (a) neat DPP(TBFu)2 thin films  (b) thin films with 1 wt % of FL-
DPP(TBFu)2 and (c) thin films with 5 wt % of FL-DPP(TBFu)2  annealed at 190 °C. 
 
6.2.4 Effect of flexible linker additive in Bulk heterojunction solar cells 
Given the common use of DPP(TBFu)2 as an electron donor small molecule blended in bulk heterojunc-
tion (BHJ) photovoltaic cells with fullerene-based electron acceptors, we next probed the effect of the 
inclusion of the FL additive in DPP(TBFu)2:PC61BM solar cells. Standard ITO/PEDOT:PSS/BHJ/Al 
devices were fabricated by standard procedures as described in the experimental section. We compared 
the performance of devices with fFL = 0 - 5 wt% (based on the total mass of the active layer in 
DPP(TBFu)2:PC61BM blends at a ratio of 3:2) and found for devices tested without annealing, the pho-
tovoltaic figures of merit, Jsc, Voc and FF were not affected by the presence of the FL additive (Figure 
6-6a) and were consistent with previous reports with “as-cast” active layers. The invariance of Voc sup-
ports the notion that the presence of the additive does not change the HOMO level of the donor phase, 
which is reasonable considering the nature of the conjugated segment is unchanged. The unchanging Jsc 
and FF values of the as-cast devices with fFL = 0 - 5 wt% suggest that the FL-additive does not have a 
significant effect on the BHJ morphology during the initial film formation (spin casting from chloro-
benzene), despite its established activity as a nucleation promotor for the donor phase.  
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Figure 6-6. Upper Panel. J-V curves for as-cast BHJ photovoltaic devices (a) not annealed (b) annealed 
at 110°C of 90 nm thick active layer (c) and annealed 140 nm thick active layer with 3:2 
DPP(TBFu)2:PC61BM and a loading of FL- DPP(TBFu)2 as indicated.  
 
Annealing devices with fFL = 0 at 100°C for 10 min gave an average device PCE of 3.4 ± 0.3%. We note 
that this value is slightly lower than state-of-the-art values obtained when using PC71BM due to an 
expected lower Jsc with the use of PC61BM here. Devices with fFL = 0.5 and 1.5 wt% exhibited equivalent 
performance when the annealing time was optimized to one hour, instead of 10 min in the fFL = 0 case. 
Optimized “best-case” J-V curves for fFL = 0 - 5 wt% are shown in Figure 6-6b and the average PCE as 
a function of the annealing time at 100°C is shown for fFL = 0 and 0.5 wt% in Figure 6-8a. When fFL = 
3 or 5 wt%, the best-case J-V performance (Figure 6-6b) is significantly decreased, exhibiting lower FF 
and Jsc, which indicates increased recombination and poorer charge carrier transport. Remarkably, the 
thermal stability of the device performance was found to be significantly different between the fFL = 0 
and 0.5 wt%.  
 
 
Figure 6-7 Atomic force microscopy images of as-cast DPP(TBFu)2:PCBM blends with a) 0 wt% b) 
1.5 wt% c) 3 wt% and d) 5 wt% of FL-DPP(TBFu)2 . The scale bar is 500 nm. 
 
(a) (b) (c) (d)
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After only 3 hours of thermal stress at 100°C, a decrease in the PCE from 3.4% to 2.3% is observed 
when fFL = 0. This observed trend, common for many systems employing PC61BM, is primarily at-
tributed to a decrease in FF and Jsc due to the phase segregation of the PC61BM from the donor phase. 
In contrast, device performance remains stable at 3.2% with fFL = 0.5 wt%, even after 22 hours of an-
nealing at 100°C. This suggests a different evolution of the microstructure of the BHJ during the thermal 
stress test. However, supposing that the longer rod-shaped donor domains observed in stabilized BHJ 
blends with the FL-additive could afford improved charge carrier transport over longer distance, we 
hypothesized that a greater difference in device performance (with and without the FL-additive) would 
be observed if thicker active layers were employed. 
 
 
 
Figure 6-8. (a) Average power conversion efficiency as a function of the annealing time at 100°C for 
neat film (black dots) and with 0.5% of FL- DPP(TBFu)2 ( grey dots) (b) Out-of-plane x-ray diffraction 
(radiation / wavelength: Cu K-alpha 1, 0.154 nm) around the (020) peak of neat DPP(TBFu)2 : PC61BM 
thin films (red line) before and after (black line) 22 hours annealing and (grey dashed line) with the 
addition of 1.5 wt% of FL-DPP(TBFu)2. Films thickness of all samples were measured to be 150 ± 5 
nm. Atomic force microscopy images of DPP(TBFu)2:PCBM blends after annealing at 100°C for 22h 
with c) 0 wt% d) 0.5 wt% of FL-DPP(TBFu)2 . The scale bar is 500 nm. Optical microscopy of the same 
film (e) shows an overview of the film and the many PCBM regions. In contrast the optical image of 
the film with 1.5 wt% of the FL-additive after annealing at 100°C for 22 hours (f) shows few large phase 
segregated regions. 
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To provide preliminary evidence to support this notion, we increased the thickness of the active layer 
by 50% (i.e. from 90 nm to 140 nm). After optimized annealing at 100°C, devices with fFL = 0 gave a 
40% lower PCE compared to devices with fFL = 0.5 wt% (Figure 6-6c). As expected, the difference was 
due to a drop in FF and Jsc which are found to be, respectively, 0.34 and 7.5 mA cm2 (for fFL = 0), 
compared to 0.45 and 9.9 mA cm2 (for fFL = 0.5 wt%). Even though significant PCE improvement was 
not observed over the thinner cells, this result suggests that in thicker BHJ films—where increased 
crystallinity is required to afford efficient charge extraction—the FL-additive can support a more inti-
mate mixing of the donor and acceptor, while still providing suitable crystallinity for charge transport. 
Moreover, we note that out-of-plane XRD measurements in BHJ indicate that the donor has similar 
crystallinity in the blend film without the FL-additive after 10 min annealing compared to the fFL = 0.5 
wt% blend film when annealing for 1 hour (Figure 6-8b), therefore no increased overall crystallinity of 
the donor phase is observed using the FL-additive, consistent with the DSC results which suggest a 
slight decrease in donor crystallinity. 
 
6.2.5 Surface composition characterization by Nanomechanical indentation 
Insight into the origin of the improved thermal stability of the donor:acceptor blends with the FL-addi-
tive was next sought by examining the morphology of the active layer with AFM and nanomechanical  
mapping[87] to identify donor-rich and acceptor-rich domains. Indeed, as the Young's modulus (YM) of 
neat PC61BM (ca. 17 GPa) and neat DPP(TBFu)2 (ca. 3 GPa) are significantly different (Figure 6-9), 
YM mapping can give information on the domain composition. Combined topographical and YM map 
results are shown in Figure 6-10. The active layer topography after annealing at 100°C for 10 min (un-
confined by the Al top electrode) is shown in Figure 6-10a (left panel), and exhibits rod-shaped domains 
100-200 nm in size when fFL = 0 (similar to previous reports[48]). We note that the topography of as-cast 
BHJ films when fFL = 0 - 5 wt% are similar, except with slightly larger rod-shaped domains for fFL = 0.5 
and 1.5 wt% (Figure 6-7a and Figure 6-7b). The YM maps are displayed to the right of their correspond-
ing topography images in Figure 6-10. Here domains of low YM, corresponding roughly to the rod-
shaped domains, are distinguishable from areas of higher modulus, confirming that these rod domains 
are donor-rich and further suggesting that the donor and acceptor are mixed at a length scale of ca. 100 
nm. For films with no FL-additive (fFL = 0) that have been annealed for 22 hours at 100°C, the topology 
(Figure 6-8c) shows the absence of rod-shaped domains and the presence of circular domains, similar 
to the donor only film shown in Figure 6-7a. The corresponding YM map gives values < 6 GPa sug-
gesting that the surface of the film is composed primarily of DPP(TBFu)2 (i.e. no PC61BM-rich domains 
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are present). Indeed, micron-sized PC61BM-rich domains are observed by AFM, YM mapping,( Figure 
6-9c and Figure 6-9d)  and by optical microscopy (Figure 6-8e) suggesting that the PC61BM has segre-
gated from the DPP(TBFu)2 on a length scale too-large for BHJ operation. 
 
 
Figure 6-9. Distribution of calculated Young’s Modulus on films a) PC61BM and b) DPP(TBFu)2. The 
data come from measuring neat films after annealing at 100°C for 10 min. note the different scales on 
the x-axis. YM maps and optical microscopy of thin films. (c) shows the topography a 
DPP(TBFu)2:PCBM without the FL-additive and annealed for 22 hours at 100°C. Here a section of the 
film with a large phase segregated region is shown. The Corresponding YM map (d) shows that the 
large phase segregate region is of high YM consistent with PCBM. 
 
We note that the performance of the corresponding photovoltaic device (fFL = 0) after annealing for 22 
hours likely stabilizes at a non-zero value due to the effect of the morphological confinement brought 
by the Al top contact.[88] With the FL-additive present in the BHJ, a considerably different morphology 
is observed after thermal annealing for 22 hours (Figure 6-8d). In this case the topography shows a 
comparatively rougher film with longer rod-shaped domains similar to those observed in the neat films 
(Figure 6-8c). The YM map indicates that these rod-shaped regions exhibit a lower modulus consistent 
with the DPP(TBFu)2. Moreover, we note that Young's moduli higher than 10 GPa are also measured 
in high proximity to the rod-shaped domains, indicating that small PC61BM-rich domains remain present 
in the film with the FL-additive present after thermal treatment for 22 hours. This considerable differ-
ence in behavior of the morphology is indeed consistent with the observed difference in device perfor-
mance and suggests that the FL-additive strategy is effective at extending the morphological stability 
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of BHJ molecular solar cells. In addition, we note that our morphological observations suggest an ap-
parent increase in donor domain size when the FL-additive is present in blends with PC61BM and opti-
mized thermal annealing is performed. 
 
 
 
Figure 6-9. Bulk heterojunction topography (left panels) and Young’s modulus mapping (right panels) 
of the corresponding area. The scale bars is 500 nm.  
 
6.3 Conclusions 
The improved BHJ thermal stability and lower comparative donor crystallinity can be rationalized again 
by the ability of the FL-additive to promote the nucleation of the donor phase. The presence of the 
amorphous FL-additive at the grain boundaries of the donor crystallites can maintain a stable donor 
transport network while also providing amorphous regions for PCBM, thereby limiting PCBM exclu-
sion. This combination of beneficial characteristics is unique among additives to bulk heterojunctions. 
We cannot, however, exclude the possibility of donor polymorph formation playing a role in the BHJ 
stability. Indeed, we would not expect a difference in the XRD analysis as polymorphs reported for 
DPP(TBFu) 2 exhibit similar scattering vectors for the main peak. [86] Further analysis of the BHJ crys-
PC61BM:DPP(TBFu)2 at optminal working conditions
PC61BM:DPP(TBFu)2 after 22h at 100°C
PC61BM:DPP(TBFu)2 + 1.5% FL-DPP(TBFu)2after 22h at 100°C
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tallinity is a point of interest given these initial results.  Importantly, we note that the FL-additive strat-
egy presented here is significantly different than recently-reported approaches to reactively cross-link 
the donor and acceptor after BHJ formation. While these crosslinking approaches have been shown to 
improve the thermal stability of BHJs when polymer donor phases are used, as a drawback, they rely 
on the uncontrolled reaction of functional groups that likely add electronic defects to the film. In addi-
tion, we emphasize that the observed behavior of the FL-additive is also distinct from simply blending 
in insulating (inert) polymer additives, in molecular bulk heterojunctions.[82] While this approach offers 
some control over the thin film formation, since the inert polymer segregates from the BHJ, it does not 
improve thermal stability. Overall the device results and morphological investigations presented here 
demonstrate that the strategy of linking molecular semiconductors with flexible aliphatic chains to pol-
ymers that possess defined conjugated segments, but extended covalent connectivity, is a viable way to 
control the crystalline behavior of solution-processed molecular semiconductor thin films.  
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Chapter 7  
 
Synthesis and characterization of alternated 
multiblock copolymers 
 
7.1 Introduction 
As introduced in Section 2-2, in an ideal BHJ, high interfacial area between pure donor and acceptor 
phases is required to efficiently separate the generated excitons into free charges. However, the domain 
interconnectivity must also be retained to afford continuous percolating pathways for charge collection 
at the electrodes. Among many strategies to control  the BHJ morphology, post-deposition thermal an-
nealing and the use of high boiling solvent additives have been used most recently exploited to tune 
nanoscale domain size by promoting partial phase separation of the donor and acceptor, thus leading to 
enhancement mainly in short circuit photocurrent.[89] Despite the control over the thin film formation 
and crystalline domain size that these approaches offer, they do not specifically impact intrinsic stability 
of the active layer morphology. Indeed, the thermodynamic immiscibility of the chemically dissimilar 
components induces macroscopic phase segregation in the active layer and inevitably decreases device 
performance during standard operational conditions.[6b] It is thus of great interest to develop a single 
material that can self-assemble into a thermodynamically stable morphology of hole and electron con-
ducting domains at the nanoscale level. The use of conjugated block copolymers (BCP), consisting of 
covalently joined conjugated segments (usually a donor and an acceptor block) have been envisaged as 
active materials in OPV given their unique structural control through micro-phase separation and desir-
able retention of optoelectronic properties of both constituent polymeric blocks.[90] Despite recent ad-
vances in the PCE in solar cells using a donor-acceptor di-block copolymer coded, P3HT-b-PFTBT, 
only a very limited number of fully conjugated donor-acceptor block copolymers have been reported. 
[91]  In fact, the lack of widely applicable synthetic strategies for conjugated block copolymer synthesis 
limits the comprehensive screening necessary to optimize and improve charge carrier properties and 
self-assembly in high performance devices. The most successful strategies involve the step growth pol-
ycondensation of AB type monomers onto mono functionalized rr-P3HT.[92] However, this widely used 
method results in a substantial mixture of homo-polymers and block copolymers due to the low yielding 
reaction mechanism. Hawker et al. recently developed a modular strategy to improve the yield in step 
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growth reactions by employing Stille coupling polymerization of AA + BB monomers along end-func-
tionalized rr-P3HT chains.[49a] The higher MW achieved in a P3HT-b-DPP di-block copolymers showed 
unprecedented phase separation of the donor and acceptor crystalline domains and paved the way for 
low-band gap polymer incorporation in block copolymers for OPV. Albeit high yielding chemistries 
were developed, the not trivial replacement of rr-P3HT in block copolymer step growth polymerization 
and the restricted number of molecular architectures accessible (i.e. diblock and triblock) remain still 
considerable limitations for applications of block copolymers in optoelectronics. To address this chal-
lenge and open new directions in block copolymer design, the development of synthetic methods that 
can afford access to an unlimited portfolio of nanostructured morphologies with expanded physical 
properties is required.[93] Herein, we present a new synthetic strategy to synthetize the first of a class of 
fully conjugated and alternating multi-block copolymer (MBC) composed of electron donating poly-
(2,5-bis(3-alkylthiophen-2-yl)thienothiophene) (PBTTT) and two electro-accepting blocks based 
diketopyrrolopyrrole - thienothiophene copolymer (DPP-TT) and perylenediimide-thiophene (PDI-T) 
block. Furthermore, the facile nature of the synthetic procedure reported herein enables high degree of 
polymerization and offers the possibility to replace the use of rr-P3HT as both donor material and initi-
ator in previously reported step growth reactions. Ultimately, when the alternating multi-block copoly-
mers are solution processed in to thin films, a relatively high degree of self-assembly and micro-domain 
phase separation is observed. 
 
7.2 Results and discussion 
7.2.1 Synthesis and characterization 
The synthesis of two alternating multiblock copolymers, coded MBC1 and MBC2 is shown schemati-
cally in Scheme 7-4 and Scheme 7-5. As recently developed by our group[23], bromine di-functionalized 
conjugated blocks can be produced by classical Stille-coupling through an imbalanced stoichiometry of 
AA (brominated) vs. BB (trimethyl-stannylated) type monomers in PBTTT (Scheme 7-3). Here we 
extended this strategy to low-band gap polymers like DPP-TT (Scheme 7-1) and PDI-T (Scheme 7-2). 
Accordingly, the block length was tuned between 5 kDa and 14 kDa with polydispersity of 1.2-1.3 for 
all three polymeric “macromonomer” synthetized. As shown in the NMR and MALDI-TOF-MS spectra 
(see Appendix chapter) the functionalization method developed for di-brominated macromonomer also 
proved to be successful to directly functionalize polymeric macromonomers with trimethyl-stannyl end 
groups.  
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Scheme 7-1.  Synthetic path for the synthesis of the di-stannylated DPP-TT block ( Mn = 5 kDa, PDI 1.2). Typical 
values of n = 3-6 repeating units. Polymerization condition a) Pd2(dba)3 , P(o-Tol)3 in chlorobenzene for 2h at 60 
°C. 
 
 
 
 
Scheme 7-2. Synthetic path for the synthesis of the di-brominated PDI-T block ( Mn = 7 kDa, PDI 1.3). Typical 
values of n = 6-10 repeating units. Polymerization condition a) Pd2(dba)3 , P(o-Tol)3 in chlorobenzene for 2h at 
100°C. 
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Scheme 7-3. Synthetic path for the synthesis of the di-brominated PBTTT block ( Mn = 10 kDa, PDI 1.2) and di-
stannylated PBTTT block (( Mn = 14 kDa, PDI 1.2). Typical values of n = 10-15 repeating units. Polymerization 
condition a) Pd2(dba)3 , P(o-Tol)3 in chlorobenzene for 2h at 60°C. 
 
 
Scheme 7-4. Synthetic path for the synthesis of the alternated multi block copolymer MBC1 ( Mn = 51 kDa, PDI 
1.2) after purification by prep-SEC. Typical values of m = 5-7 repeating units. Polymerization condition a) 
Pd2(dba)3 , P(o-Tol)3 in chlorobenzene for 1h at 100°C. 
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Scheme 7-5. Synthetic path for the synthesis of the alternated multi block copolymer MBC2 ( Mn = 65kDa, PDI 
1.2) after purification by prep-SEC. Typical values of m = 6-8 repeating units. Polymerization condition a) 
Pd2(dba)3 , P(o-Tol)3 in chlorobenzene for 1h at 100°C. 
 
In fact, MALDI-TOF-MS confirms an almost quantitative functionalization of terminal groups in di-
brominated and di-stannylated blocks. MBC1 (Scheme 7-4) was synthetized by Stille coupling poly-
condensation between the di-brominated PBTTT macromonomer (6, Mn = 10 kDa) and the di-stannyl-
ated DPP-TT macromonomer (8, Mn = 5 kDa). MBC2 (Scheme 7-5) was synthetized following the 
same procedure for MBC1 but the coupling reactions included di-stannylated PBTTT macromonomer 
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( Mn = 14 kDa) and di-brominated PDI-T macromonomer (Mn = 7 kDa). We note also that for macro-
monomer copolymerization, a precise 1:1 ratio between AA + BB segments was empirically determined 
to be necessary to afford macromonomer polymerization. In this view, achieving low polydispersity of 
the starting blocks is advantageous for accurately determining the number of end-groups, and for veri-
fying the successful progression of the MBC polymerization. As shown by the analytical size exclusion 
chromatography (SEC) data in Figure 7-1, the Stille cross-coupling polymerization successfully in-
creased the molecular weight, but potentially left some portion of unreacted macromonomers. The sub-
sequent purification of the MBC polymerization by preparatory-SEC afforded fractions of high-MW 
multiblock copolymers with a number average molecular weight of 50 kDa for MBC1 and 60 kDa for 
MBC2 with polydispersity of 1.2-1.3 (n = 6-8).  From the analytical GPC trace it is reasonable to con-
clude that the purified fractions are almost homopolymer free (less than 5% overlap).  
 
 
Figure 7-1. GPC traces for MBC1 (a) and MBC2 (b) and corresponding starting blocks. The grey bro-
ken lines show the crude polymerization.  
 
Due to the nature of the condensation reaction occurring during block polymerization, it is critical to 
fully characterize the reaction products and to provide evidence of the incorporation of both blocks in 
the final multiblock copolymer. In the 1H-NMR spectrum of MBC2, two peaks corresponding to the 
alkyl chains of PDIT and PBTTT segments are observed at δ = 5.11 and 2.84 ppm and for aromatic ring 
at 8.74 and 7.11 ppm respectively (see Figure S10-18 in Appendix). These results clearly indicate that 
the incorporation of PBTTT segments and PDIT segments was successful and yielded the desired block 
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copolymers. We note that the observed area of the aliphatic chain and aromatic ring peaks indicate a 
ratio between the blocks of 1:2, that consistent the presence of shorter PDIT (Mn = 7 kDa) chains com-
pared to the PBTTT (Mn = 14 kDa) segment. The expected unbalance in the NMR peak integration 
seems also to suggest that an equal number of PDIT and PBTTT blocks are presence on average along 
the same chain. The electronic configuration (HOMO/LUMO levels) of the multi-block polymers in the 
solid state thin film configuration was then investigated by cyclic voltammetry (CV) to further support 
the incorporation of both macromonomer moieties. All the multiblock copolymers and the parent homo-
polymers show a single reversible reduction wave.  Figure 7-2 illustrates the oxidation peak of MBC1, 
which is in good correspondence with the oxidation of PBTTT at 0.2 V vs Ag/Ag+ (HOMO = - 4.65 eV) 
and  a reduction peak belonging to DPPTT at –1.25 V vs Ag/Ag+ (LUMO = - 3.65 eV). As already 
reported, PDI based copolymers typically show two reversible reduction waves commonly assigned to 
the formation of a PDI polymer anion and dianion.[94] Accordingly, MBC2 shows a weak reduction 
peak at -1.05 V vs Ag/Ag+ and visible reduction at -1.25 V vs Ag/Ag+ as for PDIT block (LUMO = -
3.15 eV). The first oxidation peak instead is found at 0.25 V vs Ag/Ag+ (HOMO = -4.7 eV) which 
correspond to the PBTTT oxidation potential and a second one at 0.8 V vs Ag/Ag+ as shown for PDIT.  
 
 
Figure 7-2. CV profiles of (a) MBC1and (b) MBC2. The measurements were recorded at a scan rate of 
50 mV/s with 50 mM solution of TBAP as electrolyte in acetonitrile. 
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7.2.2 Block copolymers optical properties 
Solution and solid state UV-Vis absorption of MBC1 (Figure 7-3a, purple line) showed two character-
istic absorption peaks resulting from the PBTTT (yellow line) and DPP-TT block (green line) at 480 
nm and 700 nm, respectively.[95] The thin film absorption spectrum ((Figure 7-3a, red line) is signifi-
cantly red-shifted as compared to the spectrum in solution, suggesting that conjugation length or pi-pi 
stacking are enhanced during casting. In the solid state, the red-shift of the PBTTT segment is more 
pronounced and intense compared to the DPPTT block. This observation already suggests that during 
film formation, the PBTTT rigid block attains a higher degree of order compared to the DPP-TT block. 
A striking difference is in contrast seen for MBC2 (Figure 7-3b) where the absorption spectra shows 
and unbalanced weighted-composition between the PBTTT and PDIT block compared to the NMR data. 
[96] In solution, MBC2 (Figure 7-3b, black line) shows a clear red-shift from neat PBTTT (yellow line) 
and an extension of absorption in the region of absorption of PDIT (red line). In thin film (Figure 7-3b, 
purple line), the lack of a red-shifted absorption shoulder in correspondence of PDIT is attributed to the 
high percentage (35% from NMR) of highly amorphous PDIT which reasonably induces more random 
conformations in the high MW fractions of MBC2 due to the more bulky confirmations of the PDIT 
compared to linear polythiophene chains in PBTTT. Indeed, despite the verified presence of PBTTT, 
the absence of a vibronic peak and a bathochromic shift in the solid state UV-Vis (normally attributed 
to effective chain stacking) in MBC2, is consistent with this view. The UV-vis spectra suggest also that 
the precise block selection has a crucial influence on the optical properties of the multiblock copolymer 
in solution and in particularly in thin films.  
 
 
Figure 7-3.Absorption spectra in solution and thin films of MBC1 (a) and MBC2 (b). 
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7.2.3 Charge transport in MBC thin films 
Given the unexpected difference in absorption spectra between MBC1 and MBC2 we were interested 
to investigate the effect that covalent attachment of the macromonomer blocks has on the field effect 
charge carrier mobility in this new class of fully conjugated block copolymers. The charge transport 
properties of MBC1 and MBC2 were accordingly investigated in bottom contact/bottom-gate field ef-
fect transistors (FETs). Devices were prepared by spin coating from solution at a concentration of 10 
mg/ml in o-DCB. Interestingly, as-cast devices processed from MBC1 gave a hole mobility of 0.05 cm2 
V-1 s-1, which is comparable with hole mobility of non-annealed PBTTT of same MW.[14c] FETs made 
from 60 kDa fraction of MBC2 exhibited a drastic decrease in hole mobility below 0.000045 cm2 V-1 
s-1 despite the presence of PBTTT segments along the chain like in MBC1. Thermal annealing is rou-
tinely performed to increase crystalline packing in PBTTT by heating the film above the first LC tran-
sition (180°C - 200°C).[14a] In both MBC films annealing resulted in an overall increase in hole mobility, 
in particular MBC1 showed a slightly increased in μFET to 0.08 ± 0.01 cm2 V-1 s-1. Also in MBC2, the 
measured μFET double to 0.0002 ± 0.0001 cm2 V-1 s-1 upon  annealing at 200°C while remaining fairly 
constant up to 250°C. A similar trend as a function of annealing temperature is observed also for the 
FET threshold voltage: we found that it decreases from more than +7V in as cast films of MBC1 to 0V 
after annealing at 200°C. Further annealing at higher temperatures reverses the effect back to as-cast 
values of around +6V. In MBC2 based FET devices, thermal annealing has no effect on threshold volt-
age which remained constant at +15V. Overall, the high mobility of MBC1 compared to the poorer 
mobility of MBC2 shows that, by varying the constituent blocks is it possible to maintain stable charge 
transport properties of PBTTT (or severely reduce it) while adding a second functionality, i.e. high light 
absorption properties of DPP-TT block. Indeed, low MW blocks of PBTTT show one order of magni-
tude higher mobility when included in an alternated sequence with DPP-TT in MBC1 (μFET = 0.08 ± 
0.01 cm2 V-1 s-1) than when directly cast in field effect transistors (μFET = 0.009 ± 0.001 cm2 V-1 s-1). 
[14c]  
 
7.2.4 Topological and microstructural characterization 
It has been extensively shown that microstructural properties of solution processed conjugated polymer 
thin films are critical to the optoelectronic performance. Hence, the surface morphology of the annealed 
TFTs were analyzed by AFM and height and phase images are shown in Figure 7-4. Despite the high 
MW and the multiblock nature, annealed films of MBC1 showed a well-defined and distinct domains 
that can be attributed to nanoscale phase assembly of PBTTT and DPP-TT segments. Additionally, our 
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synthetic strategy appears to not impede pi-pi stacking between conjugated segments as shown by the 
unexpected (presumed) alignment of pi-stacked lamellae parallel to the substrate. The size of fibrillary 
nanodomains shown in Figure 7-4 are characterized by typical width of 30 nm which is in good accord-
ance with reported fibrils made of 10 kDa chains. Indeed, we have already shown that low MW PBTTT 
can form rod-like fibers thanks to its highly rigid backbone. In comparison, albeit the comparable rod-
like nature of DPP-TT backbone, low MW fractions are known to form highly disordered and poorly 
connected aggregates. Rod-containing block copolymers are known to have a more complex phase di-
agram since, above the Flory-Huggins segregation strength parameter (χN), there is an additional driv-
ing force to the micro-phase separation that originates from the strong tendency of the rod-block to 
crystallize in the form of nanowires or fibrils. [97]By additionally confirming the importance that cova-
lent attachment of semi-crystalline blocks has on the formation of well-defined nanostructures, our re-
sults represent the first example of self-assembly in fully conjugated multi-block copolymers.  
 
 
Figure 7-4.AFM height and phase images of MBC1 (a-b) and MBC2 (c-d) after annealing at 200°C. 
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In the annealed film of MBC2, phase images showed increased fibrils width (50 nm) which is in line 
with the high MW of PBTTT (14 kDa) used in synthesis of MBC2. Despite the presence of PBTTT 
rigid block MBC2 films showed a much less observable phase separation compared to MBC1 which is 
consistent with its lower observed charge carrier mobility. Despite the different hole transport and self-
assembly capabilities, both MBC1 and MBC2 exhibit domain sizes on the scale of 20-60 nm, which 
correlate well with the ?10 nm diffusion length of photogenerated excitons typically found in these 
materials. By enabling incorporation of polymers that with previous synthetic methods were not ame-
nable to be included in block copolymers, we found that optoelectronic properties of multi-block copol-
ymers are extremely sensitive to either block co-crystallization into conducting self-assembled nano-
domains. However, AFM reveals the presence of surface nanoscale domains but it doesn’t provide in-
formation about the effective crystalline structure of the film. In organic electronic devices, nanostruc-
tures orientation throughout the whole thickness of the active layer plays a crucial role in device perfor-
mance and therefore we investigated in-situ the morphologies of previously prepared TFTs by grazing 
incidence x-ray scattering. MBC1 showed three out-of-plane diffractions that indicate the formation of 
highly crystalline interdigitated lamellae as typically seen for PBTTT. We have showed that MW has 
an effect on lamellar d-spacing in PBTTT due to alkyl chain interdigitation occurring in the solid state. 
In this respect we found that MBC1 presents a slightly larger d-spacing of 22.4 Å when compared to 
fully conjugated 50 kDa PBTTT (d = 21 Å). We believe that the increase distance in the interdigitated 
lamellae is caused by the presence of longer and branched alkyl chains on the DPP-TT block that ex-
pands the lamellae slightly. It worth noting that our strategy of linking along the same chain multiple 
conjugated blocks does not influence PBTTT crystallization motifs in highly ordered out of plane la-
mellae. We hypothesize that in the out-of-plane XRD scan of MBC2 films, the suppressed lamellae 
formation is caused by inclusion of bulky perylenes units along the chain which avoids effective PBTTT 
alkyl chain interdigitation. However, a d-spacing comparable with MBC1 is found and can be attributed 
to isolated regions of PBTTT that are could be situated in the terminating parts of the chains where 
chain movement and crystallization is less constrained. Kline et al. demonstrated that alkyl chain inter-
digitation on thiophene based polymer like PBTTT control backbone orientation and 2D p-p stacking 
in plane network formation. This interdigitation model reasonably explains why self-assembled MBC1 
has superior charge transport in respect to MBC2 where the absence of side chain interdigitation pre-
vents registry between adjacent lamella and leave the backbone highly tilted. Hence, we believe the 
high structural incompatibility between the PBTTT and PDIT blocks remains the major contributor for 
the still detectable micro-phase separation in highly disordered MBC2 films (Figure 7d). As already 
reported for weakly interdigitating neat PBTTT analogs, the interdigitated regions and the backbone are 
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separated by a presumably underdense, noninterdigitated regions. In other words, in MBC2 only a re-
stricted percentage of chains interdigitate, whereas in MBC1 the degree of interdigitation is comparable 
to standard fully conjugated PBTTT meaning that DPPTT block does not affect the degree of alkyl 
chains packing but only the d-spacing. Differently from previous results on P3HT-b-DPP di-block co-
polymer where the crystallization of both blocks participates in the formation of these domains, the 
absence of contribution from highly disordered DPP TT and PDIT blocks (at MW < 30 kDa)  suggests 
that the strong self-assembly of PBTTT is sufficient to form ordered nano-domains.  
 
 
Figure 7-5. Specular X-ray diffraction (h00) of MBC1 (black line) and MBC2 (grey line) thin film 
transistors. 
 
7.3 Conclusions 
In this chapter we showed how the extension of high yield Stille-coupling poly-condensations to couple 
di-functionalized conjugated polymeric block represents an effective strategy to synthetize alternated 
multi-block copolymers that can retain high charge carrier mobility and show long range order through 
the formation of highly oriented domains in thin films as shown by AFM phase images. The covalent 
linkage between chemically different blocks was shown to not decrease the charge transport ability of 
the constituent blocks if an adequate degree of self-assembly is achieved. This approach results thus 
highly promising for the further design of the next generation of semiconducting polymers with stable 
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electronic properties and with the possibility to combine multi-blocks (i.e. functionalities) along the 
same chain. Despite its early stage, the macromolecular approach shown here results to be a promising 
strategy to also concretely bring an higher level of control over morphologies and internal processes 
taking place at lengths scale relevant to fabricate ideal active layers in OPV and OLED. Ultimately, 
through the straightforward functionalization of the polymer blocks developed here, it seems now pos-
sible to access a much larger number of combinations between the constituting blocks for applications 
of block copolymers in optoelectronics. For this reason, further development is needed to optimize the 
overall structure of this class of polymers and some guidelines will be outlined in the outlook section. 
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Chapter 8 
 
Conclusions and outlook 
 
8.1 Conclusions 
In the present thesis, combined electrical and morphological investigations of the role of molecular 
weight on the charge-transport and self-assembly properties in different families of conjugated polymer 
were performed. The outcome of these initial studies contributed to the development of novel design 
criteria for semiconducting polymers, i.e. the flexible linker concept and the alternated multi-block co-
polymer architecture. In particular, the flexibly linked approach demonstrated to be a viable strategy to 
address one of the long-standing challenges of the field of organic electronics, the enhancement of the 
thermal stability of organic thin films in transistor and solar cells. In Chapter 3, we present a compre-
hensive analysis of the effect of the MW on the material characteristics of a prototype rigid-backbone 
conjugated polymer with interdigitating side chains (e.g. PBTTT), demonstrating that the morphology 
can be easily tuned by fine selection of the MW.   Three distinct regions with high charge carrier mo-
bility (μFET ) were observed. For medium Mn material around 30–40 kDa the most reproducible high 
μFET was demonstrated, which correlates with clear long-range ordering in the thin films characterized 
by terrace-like structures as observed by AFM. For smaller Mn, an increased crystallinity of the polymer 
in the thin film was noticed, corresponding to a fiber morphology as seen by AFM. The μFET was lower 
in these fractions presumably due to poor interconnectivity of the crystalline domains. Surprisingly, a 
drastic increase in μFET was observed by blending 5% of a high MW polymer into a low MW fraction. 
This brought out a novel route that would potentially increase the processability and transistor perfor-
mance of low MW conjugated polymeric or oligomeric semiconductors. In contrast, MW higher than 
the optimum range showed significantly less side-chain crystallinity and no terrace formation most 
likely due to polymer chain entanglement. Overall, while the self-assembly observed in the terrace for-
mation clearly promotes good long-range carrier transport for medium Mn PBTTT (30–40 kDa), the 
terrace formation itself is not critical for obtaining good transistor performance as long as good inter-
connectivity is obtained. In less ordered polymers instead, the highest charge carrier mobilities are ex-
clusively obtained exploiting the efficient intrachain transport occurring across long and rigid chains. 
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The results reported herein point out that the presence of poorly crystalline low-medium MW chains is 
in fact detrimental for the overall hole mobility in crude batches. This means that the chain length dis-
tribution (PDI) plays a crucial role as important as Mn in influencing the overall hole mobility of the 
crude sample. In summary, the achievement or if not possible, the selection of the highest possible MW 
as discussed here by means of preparatory size exclusion chromatography offers a doable strategy to 
optimize the performance or improving specific properties polymeric devices like in transistors and 
solar cells. In chapter 5, we describe the successful synthesis of a new class of semiconducting polymers 
where low-MW conjugated segments are covalently linked along the same polymeric chain with flexi-
ble aliphatic linkers. Our FL-PBTTT material exhibited improved thin-film formation compared to the 
low-MW starting polymer and unique thermal properties.  Importantly our linking strategy demon-
strated a clear effect on the chain self-assembly and allowed precise control between distinct thin film 
morphologies without altering the chain length. Moreover our FL-PBTTT served as a model to under-
stand the performance of fully-conjugated PBTTT by indicating that its relatively high performance is 
not solely due to improved intramolecular transport but that the 2D charge-transport network afforded 
by self-assembly contributes significantly to the observed high charge carrier mobility. These results 
support the view that the optimization of the intermolecular transport by chain self-assembly in aligned 
domains is a principle objective for improving charge transport in semiconducting polymer based de-
vices. In Chapter 6, further extension of the flexible linker concept to molecular semiconductors led to 
the development of polymers where rigid conjugated cores DPP(TBFu)2 were linked with flexible ali-
phatic chains into polymers that possess defined conjugated segments and extended covalent connec-
tivity. We have demonstrated that our new class of polymeric additive can promote donor nucleation in 
neat films and BHJ blends to improve thermal stability and long range charge transport. The suspected 
presence of the amorphous FL-additive at the grain boundaries of the donor crystallites could reasonably 
maintain a stable donor transport network while also providing amorphous regions for PCBM, thereby 
limiting its exclusion. This combination of beneficial characteristics was found to be unique among 
additives used in bulk heterojunctions.  Ultimately, high yield Stille-coupling poly-condensations to 
couple di-functionalized conjugated polymeric block ( as developed in Chapter 5)  represented an ef-
fective strategy to synthetize fully conjugated and alternated multi-block copolymers. As shown in 
Chapter 7 this new class of semiconducting materials can retain high charge carrier mobility and long-
range order through the formation of highly oriented crystalline domains in thin films. Furthermore, the 
straightforward application of this strategy to the whole library of conjugated polymers currently avail-
able in organic electronics can now concretely bring a higher degree of control over morphologies and 
over the internal processes taking place at length scales relevant to fabricate ideal active layers in OPV 
and OLED and potentially improve device performance. 
 123 
 
8.2 Outlook 
Given the promising results presented in this thesis, resulting from a more macromolecular-driven ap-
proach in conjugated polymer design, rather from the routinely employed energy levels’ and single 
atom’s fine tuning, several routes have been opened for future works. It is certainly of great interest to 
continue carrying studies on the effect of molecular weight on the performance and crystalline texture 
of semiconducting polymers through chain length separation through size exclusion chromatography. 
Subjects for next studies could be the extremely high mobility polymers that have been more recently 
synthetized and that belongs to the less investigated family of disordered polymers like C16IDT-BT and 
the new synthetized block copolymers. Since the flexible linker approach is straightforward and can be 
applied to a wide variety of different conjugated small molecules, we believe that this strategy can have 
a much broader range of applications in controlling and stabilizing the active layer morphology not only 
in in molecular BHJ PVs, but also in OLEDs, and TFTs. However, the real nature of the interactions 
occurring in the film when a precise amount of flexibly linked polymer or dimer is used in the active 
layer remains still in its infancy. Moreover, it is not clear how the flexible linker approach could poten-
tially increase the thermal stability in other systems and increase also the overall performance of the 
resulting device. Due to the limited amount of information that can be extracted from a single molecule 
like DPP(TBFu)2 it would be beneficial to apply these flexible linker concept into a wider class of high 
efficiency conjugated small molecules like the benzodithiophene (BDT) core family. Here, several mol-
ecules can be chosen as a function of a wide range of different structural parameter, crystallinity and 
behaviour when used in solar cells.  Finally, in Chapter 7, we introduce a new approach to synthesize 
alternating block copolymers composed by low band-gap polymers which, so far, were inaccessible by 
traditional synthetic routes. This strategy opens a new doorway to screen a wide family of block copol-
ymers evaluating the effect that a particular blocks have on the charge-carrier properties and overall 
performance in a device. Hence, we consider that this synthetic route could potentially contribute to the 
rational design of the next generation of solar cells constituted of a unique donor-acceptor materials 
with tunable chain orientation to the substrate. Furthermore, the introduction of multiple block func-
tionalities (e.g. light absorption, chain rigidity or elasticity) along the same polymeric chain would offer 
incomparable opportunities for designing new nanostructured materials with enhanced functionality and 
properties. First, for application in solar cells, we can imagine the possibility of including a third block 
(exciton generating layer) in-between the donor and acceptor block in order to facilitate the exciton 
splitting and diminishing geminate recombination. Second, in the field of stretchable electronic devices 
the development of intrinsically stretchable semiconductors is highly desirable. One possible strategy 
to synthetize materials with combined elasticity and charge transport properties would be to develop 
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multi-block copolymers (AB)n composed of a conjugated block (A) covalently linked to an elastomeric 
block (B) in an alternated fashion along the same polymeric chain.  Achieving a relatively high degree 
of self-assembly is then needed to allow the expression of the two functionalities in the thin film.Overall, 
I believe that the results presented in this thesis clearly evidence that there are fundamental aspects of 
organic electronics such as the morphology control and the rational design of block-copolymers that 
remain poorly understood but hold the key to develop a new generation of devices more efficient and 
reliable.   
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Chapter 10  
 
Appendix 
 
10.1 Characterization Techniques 
Atomic Force Microscopy. AFM characterization was performed with an Asylum Research Cypher in 
AC mode at room temperature in air. Cantilevers with a resonance frequency on average of f0 = 70 kHz 
and k = 2 N/m were used (Asylum research AC240TS). Scan rates between 0.5 and 1 Hz were applied 
with images resolution varying according to features size from 10 μm x 10 μm to 500 nm x 500 nm. 
Peak force analysis. Measurements were recorded in ambient conditions using a Cypher S AFM from 
Asylum Research. A silicon tip (AC160TS) with a theoretical spring constant of 42 N m–1 was used. 
The experimental spring constant was obtained using the GetRealTM automated probe calibration fea-
ture of Asylum Research software. Over all the scans, a peak force of 100 nN was kept constant for all 
the samples. The reduced Young's modulus was obtained by fitting the retraction curve with the Der-
jaguin, Muller, Toropov (DMT) model, which accounts for the adhesion between the tip and the sample 
surface. 
Differential Scanning Calorimetry. Melting temperatures, Tm, and enthalpies of fusion, ΔHf, were 
measured with a PerkinElmer DSC8000 differential scanning calorimeter calibrated with indium and 
zinc, using a scanning rate of 10°C and 20 °C/min. ΔHf  were calculated from the surface area under-
neath both melting endotherms. The material was deposited by drop-casting, and once the solvent evap-
orated, it was directly annealed in the pan at 180 °C for 10 min. 
UV/Vis Spectroscopy.Solution phase UV/Vis spectra (c = 0.1 mg/ml In CB) were recorded on a Shi-
madzu UV-3600 UV-Vis-NIR spectrophotometer using standard quartz cuvette with 10 mm path length. 
Size exclusion chromatography. 100 mg of product are completely dissolved in 10 ml of chloroben-
zene was injected in a Size exclusion preparative column (PSS SDV preparative linear M, 
40mm×250mm) at 80°C using CB as mobile phase at a constant elution flow of 10 mL/min. Fractions 
collection was carried out every 20 seconds. Single fractions were analyzed through an analytical size 
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exclusion PSS SDV analytical linear M column (8mm×250mm, 80°C, CB mobile phase, 1mL/min). 
The CB was removed and the samples were stored in an Ar glovebox until further use. 
Mass spectrometry. Mass spectra were recorded at the Mass spectrometry service of EPFL on a thermo 
Scientific LTQ FT-ICR MS for APPI. Matrix-assisted laser desorption/ionization time of flight mass 
spectrometry (MALDI-TOF-MS) was carried on a Axima-CFRTM plus using malononitrile as matrix 
and THF as solvent. Reflectron mode is routinely used to detect small molecules and end-functionalized 
low MW polymers. Linear mode instead is necessary to investigate end functionalization in higher MW 
fraction (5 kDa -10 kDa).  
NMR spectroscopy. The (1H) and (13C) NMR spectra were recorded at room temperature using per-
deuterated solvents as internal standards on a NMR Bruker Advance III-400 spectrometer (Bruker, 
Rheinstetten, Germany). Chemical shifts are given in parts per million (ppm) referenced to residual 1H 
or 13C signals in CDCl3 (1H: 7.26, 13C: 77.0) and o-dichlorobenzene-d4 (1H: 6.94). 
Polarized Optical microscopy. Polarized optical microscopy on thin films was carried out on an Nikon 
Eclipse LV 100 ND microscope with or without a polarizing filter. 
Transmission Electron Microscopy. TEM sample preparation was performed with OTS treated glass 
slides onto which PBTTT was spin-coated and annealed. The thin ﬁlms were then coated with amor-
phous carbon before polyacrylic acid (240 kDa) drops were deposited onto the carbon layer and let it 
dry for 2 hours. The solidified drops were delaminated off, ﬂoated on water to dissolve the polyacrylic 
acid, and deposited on TEM grids. Electron diffraction patterns were carried on a FEI CM12 Transmis-
sion Electron Microscope at 120 kV acceleration voltage at room temperature using low-dose operating 
conditions and at a spot size of 70 nm. Focusing and beam alignment were performed on sacriﬁcial 
regions of the ﬁlm. The electron beam was then blanked by a shutter and the area of analysis changed. 
Finally the beam shutter was opened for 2 s to acquire the ED pattern. 
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10.2 Synthesis procedures and analytical data for compounds 
Reagents were purchased as reagent grade from commercial sources and used without further purifica-
tion. THF, chloroform, chlorobenzene, dimethyl formaldehyde were purchased as technical grade and 
distilled once prior to use. Thin layer chromatography (TLC) analyses were performed on TLC plates 
from Merck; UV-vis (254 or 366 nm). Column chromatography was conducted on Silica gel SI &o from 
Merck (40-60 um). 
Scheme 10-1. Synthesis of 5,5’-Dibromo-4,4’-bis(dodecyl)-2,2’-bithiophene (4) following Mc Culloch 
et al. Liquid-crystalline semiconducting polymers with high charge-carrier mobility. Nat Mater 2006, 5 
(4), 328-333 
 
 
 
Dodecylthiophene-3-thiophene. (2) To a solution of 1-bromododecane in deoxygenated and dried 
THF magnesium was added over a period of 1h. The resulting mixture was stirred at 50°C for 3h. Then, 
at -78°C 3-bromothiophene and the catalyst were added. The reaction mixture was stirred overnight at 
50°C. Then, 2M aqueous sodium hydroxide was poured (slowly at the beginning). The aqueous layer 
was extracted with diethyl ether and the organic layer was washed with water twice, dried over MgSO4, 
filtered and the solvent was removed. The product was chromatographed (hexane, SiO2) and distillated. 
Bp  178-179°C (20mmHg), Bp bromothiophene 150°C (atm), Bp tetradecylthiophene 365°C (litt calc, 1 
atm). 
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Figure 10-1: 1H NMR spectrum in ChCl3 of compound (2). 
 
4,4’-bis(dodecyl)-2,2’-bithiophene (3) To a solution of TMEDA (7 ml) and dodecyl-3-thiophene (10 
gr,0.039 mol) in dried, n-BuLi  (19 ml) was added drop wise at -78°C over a period of 30 min. After 
stirring for 30min at this temperature, the mixture was stirred for 1h more at rt. Then, anhydrous copper 
(II) chloride (6gr, 0.04 mol) was added at -78°C in one portion. The mixture was allowed to warm to rt 
and stirred overnight. Then, some drop of water was added following by a 3M aqueous HCl (35mL). 
The aqueous layer was extracted with diethyl ether (2*50mL). The combined organic layers were 
washed with a concentrated solution of sodium thiosulfate (10mL), twice with water and one time with 
brine and dried over MgSO4. The mixture was passed through a plugd of silica gel eluting with warm 
hexane (60°C). After evaporation of the solvent, the residue was recrystallized twice from hexane at -
30°C. 
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Figure 10-2: 1H NMR spectrum in CDCl3 of compound (3) 
 
5,5’-Dibromo-4,4’-bis(dodecyl)-2,2’-bithiophene (4) To a solution of 4,4’-bis(dodecyl)-2,2’-bithio-
phene (0.51 g, 0.1 mmol) in 20 ml of chloroform and 5 ml of glacial acetic acid at RT in the dark was 
added N-bromosuccinimide (0.38g, 0.0025) portionwise over 1h . The resulting solution was stirred 
overnight. The solvent was removed under reduced pressure and the residue dissolved in a mixture of 
dichloromethane and water. The organic layer was separated and the acqueous layer extracted with 
dichloromethane. The combined organics were washed with sodium carbonate, water and brine, dried, 
filtered and concentrated under reduced pressure. The resulting crude was recrystallized twice from 
butanone and afforded the product (0.46g, 70% yield) as pale yellow crystals. 
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Figure 10-3: 1H NMR spectrum in CDCl3 of compound (4) 
 
Scheme 10-2. Synthesis of 2,5-Bis-trimethylstannyl-thieno[3,2-b]thiophene (6) 
 
 
                                                   
 
2,5-Bis-trimethylstannyl-thieno[3,2-b]thiophene.6 To a solution of thienothiophene (5g, 35.7 mmol) 
and TMEDA (13.3 ml, 89.25 mmol) in dried THF, a solution 2.5 M of nBuLi ( 31.4 ml, 78.6 mmol) 
was added dropwise at -78°C. The solution was stirred for 2h at -78°C and slowly warmed to rt and 
stirred for 1h more. After cooling to -78°C a solution 1 M of trimethyltin chloride (71.4 ml, 71.4 mmol) 
was added in one portion. After stirring at -78°C for 2 h, the solution was warmed to room temperature 
and stirred for overnight. The resulting mixture was poured into deionized water and 100 mL of CHCl3. 
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The organic layer was washed twice with 50 mL of water and dried over anhydrous Na2SO4. The or-
ganic layer was evaporated and dried over vacuum to afford a brown solid. The solid was then purified 
by two recrystallization from acetonitrile to afford the product as white crystals (9.8 gr, 60% yield)  
                  
Figure 
10-4: 1H NMR spectrum of compound (6) in CDCl3. 
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Scheme 10-3. Synthesis of Poly(2,5-bis(3-dodecylthiophen-2-yl)thieno[3,2-b]thiophene) (C12)  
 
          
 
 
Poly(2,5-bis(3-dodecylthiophen-2-yl)thieno[3,2-b]thiophene) (C12) (7). The polymer was synthe-
sized by a Stille cross-coupling reaction of 4 (97.4 mg, 0.147 mmol) and 6 ( 68.7 mg, 0.147 mmol) at 
100°C in chlorobenzene under inert atmosphere using 2% mol of tris(dibenzylideneacetone)dipalladium 
(2.7 mg) and excess of tri(o-tolyl)-phosphine (8 mg) as catalyst. At the end of the polymerization time 
(24 h) the catalyst was extracted by precipitation in methanol for 2 h. After purification by Soxhlet 
extractions, The polymer was collected by filtration and dried under vacuum to afford 85 mg of product 
(90%). The chlorobenzene polymer fraction was isolated and analyzed through an analytical size exclu-
sion chromatography column (SEC) at 80°C using chlorobenzene as mobile phase at 1 mL min–1. Cal-
culated mass Mn (27 kDa), PDI 1.8. 
 
 
Scheme 10-4. Synthetic path for the synthesis of the di-brominated PBTTT block ( Mn = 10 kDa, PDI 1.2) and di-
stannylated PBTTT block (( Mn = 14 kDa, PDI 1.2). Typical values of n = 10-15 repeating units. Polymerization 
condition a) Pd2(dba)3 , P(o-Tol)3 in chlorobenzene for 2h at 60°C. 
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Poly(2,5-bis(3-dodecylthiophen-2-yl)thieno[3,2-b]thiophene) 7b. (Br terminated): PBTTT polymer-
ization conditions were optimized in order to preferentially synthetize short chains that exclusively re-
sulted to be end-functionalized with bromine. A ratio of 1.6-1.8 to 1 of 2,5-dibromo-3-dodecylbithio-
phene to 5,5’-trimethyltin thieno[3,2b]thiophene was thus chosen. Typical number-average molecular 
weight (Mn) of 5.5-7 kDa (PDI 1.4) against Polystyrene standards were calculated by analytical size 
exclusion chromatography using Chlorobenzene as eluent at 80°C. Successive fractionation by prepar-
ative SEC (in 80°C, chlorobenzene, 6 mL min-1, 40.0 x 250 mm column, linear M packing, Polymer 
Standards Service GmbH) allowed the selection of a narrow distribution of chains at 11.7 kDa with PDI 
1.19. The sample solution in chlorobenzene was passed through a polytetrafluoroethylene filter (5 μm 
pore size) before injection. 
 
 
 
 
Figure 10-5. 1H NMR spectrum of compound 3 the 11.7 kDa PBTTT with Br end-groups (in o-dichlo-
robenzene D4). NB: Integration of the aromatic region is complicated by solvent peaks.  
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Poly(2,5-bis(3-dodecylthiophen-2-yl)thieno[3,2-b]thiophene) 7c. (stannyl terminated): PBTTT  
polymerization conditions were optimized in order to preferentially synthetize short chains that exclu-
sively resulted to be end-functionalized with trimethyl tin. A ratio of 1.8 to 1 of 5,5’-trimethyltin 
thieno[3,2b]thiophene (0.117 gr,0.25 mmol) ( to  2,5-dibromo-3-tetradecylbithiophene (0.1 gr, 0.14 
mmol) at 60°C in chlorobenzene(10 ml) under inert atmosphere using tris(dibenzylideneacetone)dipal-
ladium (4 mg) and excess of tri(o-tolyl)-phosphine (15 mg) as catalyst.was thus chosen. Typical num-
ber-average molecular weight (Mn) of 5.5-7 kDa (PDI 1.4) against Polystyrene standards were calcu-
lated by analytical size exclusion chromatography using Chlorobenzene as eluent at 80°C. Successive 
precipitation in hexane allowed the selection of a narrow distribution of chains at 10.7 kDa with PDI 
1.2.  
 
 
 
 
Figure 10-6. 1H NMR spectrum of compound 3 the 7kDa kDa PBTTT with Tin end-groups (in CDCl3). 
NB: Integration of the aromatic region is complicated by solvent peaks.  
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 Figure 10-6b MALDI spctra of PBTTT-Tin functionalized in reflectron mode 
 
 
 
Scheme 10-5 Synthesis of  1,10-bis(5-(trimethylstannyl)thiophen-3-yl)decane (10) 
 
 
1,10-di(thiophen-3-yl)decane (9): To a solution of 1,10-dibromodecane (9.14 g, 30.40 mmol) in dried 
tetrahydrofuran (80 mL), magnesium turnings (1.54 mg, 64.0 mmol) was added portion wised at 0°C in 
1h under argon. The mixture was stirred for 4h at room temperature. Then, 3-bromothiophene (8, 10 g, 
61.3 mmol) followed by dichloro[1,3-bis(diphenylphosphino)propane]nickel (670 mg, 1.23 mmol) 
were added quickly at –30°C under argon. The mixture was warmed to room temperature and stirred 
overnight. Afterward, a saturated solution of ammonium chloride was added (20 mL). The aqueous 
layer was extracted with diethyl ether (50 mL) and the organic layer was washed with brine (2 x 20 
mL), dried over anhydrous magnesium sulfate, filtered and concentrated under vacuum. The residue 
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was subjected to silica gel chromatography using hexane as eluent or by distillation under vacuum (Teb 
= 190°C at 1.7 mbar) to afford 5.21 g (56%, 16.96 mmol) of a white solid. 
Mp: 43.5-46 °C; 1H NMR (400 MHz, CDCl3-d3): δ=7.25 (dd, 3J = 4.9 & 4J = 3.0 Hz, 2H), 6.95 (d, 3J = 
4.9 Hz 2H), 6.93 (d, 4J = 3.0 Hz, 2H), 2.64 (t, 3J = 7.7 Hz, 4H), 1.67-1.59 (m, 4H), 1.36–1.29  (m, 12H); 
13C NMR (101 MHz, CDCl3-d3): δ=143.31 (2C), 128.38 (2C), 125.14 (2C), 119.87 (2C), 30.68 (2C), 
30.41 (2C), 29.70 (2C), 29.58 (2C), 29.45 (2C);IR: 2918, 2845, 1466, 1431, 1078, 937, 864, 833, 791, 
754, 727, 696, 679, 592 ; MS: 306 (EI): Calcd. [C18H26S2]: 306.15; Elmt. Anal. Calcd [C18H26S2]: C, 
70.53; H, 8.55; Found : C, 70.72 ; H, 8.15 
 
 
Figure 10-7: 1H NMR spectrum of compound (9) (CDCl3). 
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Figure 10-8: 13C NMR spectrum of compound (9)  (CDCl3). 
 
1,10-bis(5-(trimethylstannyl)thiophen-3-yl)decane (10) : To a solution of compound 9 (5.21 g, 16.99 
mmol) in dried tetrahydrofuran (50 mL) and tetramethylethylenediamine (5.91 g,  7.62 mL, 50.88 
mmol), a 2.5 M solution of n-butyllithium in hexane (14.25 mL, 35.62 mmol) was added dropwise at -
78°C under argon over a period of 15 min. Then the reaction mixture was stirred at -78°C for 30 min 
and warmed to room temperature. After stirring for 1h30 at room temperature, trimethyltin chloride 
(7.10g, 35.62 mmol) in dried tetrahydrofuran (5 mL) was added at -78°C. Then, the solution was stirred 
overnight at room temperature. Aqueous ammonium chloride (20 mL) and aqueous potassium fluoride 
(10 mL) were added. The aqueous layer was extracted with diethyl ether (30 mL) and the organic layer 
was washed twice with brine (20 mL), dried over anhydrous magnesium sulfate, filtered and concen-
trated under vacuum. The residue was subjected to reverse phase silica gel chromatography using hex-
ane as eluent to afford a pale yellow oil. Finally, 7.2 g (67%, 11.39 mmol) of a white solid were obtained 
after recrystallization in isopropanol at –30°C. 
1H NMR (400 MHz, CDCl3-d3): δ=7.19 (s, 2H), 7.00 (s, 2H), 2.64 (t, 3J = 7.9 Hz, 4H), 1.69-1.55 (m, 
4H), 1.37-1.19 (m, 12H), 0.35 (s, 18H); 13C NMR (101 MHz, CDCl3-d3): δ=144.64 (2C), 137.28 (2C), 
136.74 (2C), 125.79 (2C), 30.89 (2C), 30.12 (2C), 29.73 (2C), 29.62 (4C) -8.13 (6C); IR: 2922, 2899, 
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2847, 1464, 1177, 972, 912, 858, 833, 764, 741, 723, 534, 524, 511 ; MS: 634.07 (APPI): Calcd. 
[C24H42S2Sn2]: 634.08; Elmt. Anal. Calcd. [C24H42S2Sn2]: C, 45.60; H, 6.70; Found: C, 45.82; H, 6.09 
Figure 10-9: 1H NMR spectrum of compound 10 (CDCl3). 
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Figure 10-10: 13C NMR spectrum of compound 10 (CDCl3). 
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Scheme 10-6: Synthesis of Flexibly-link PBTTT Compound (11) 
 
 
 
Flexibly-link PBTTT Compound. 11; In a 25ml round bottom flask 100 mg of compound 3 (8.4 μmol) 
and 6 (5.3 mg, 8.4 μmol) were added in 5 ml of anhydrous chlorobenzene under Argon atmosphere 
using 2% mol of tris(dibenzylideneacetone)dipalladium and tri(o-tolyl)-phosphine as a catalyst. At the 
end of the polymerization time (36 h) the polymer was isolated by precipitation in methanol for 2 h. 
The crude polymer fraction was analyzed through an analytical size exclusion chromatography column 
(SEC) at 80°C using chlorobenzene as mobile phase at 1 mL min-1. Successive fractionation by prepar-
ative SEC (in 80°C, chlorobenzene, 6 mL min-1, 40.0 x 250 mm column, linear M packing, Polymer 
Standards Service GmbH) afforded to selective isolate the high molecular weight fraction (black solid 
curve, Figure 1 main text) with a Mn of 56.0 kDa and a PDI of 1.1.  
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Scheme 10-6  3,6-di(2-bromothiene-2-yl)-2,5-di(2-ethylhexyl)-pyrrolo[3,4c]pyrrole-1,4-dione (22) 
 
 
 
3,6-Di(2-bromothiene-5-yl)-2,5-di (2-ethylhexyl)-pyrrolo[3,4-c]pyrrole-1,4-dione. 22 In a 250 ml 
round bottom flask 21 (1 g, 1.9 mmol) was dissolved in 201/ ml of CHCl3 and in the dark was cooled 
down to 0°C. NBS (0.78 gr, 4.4 mmol) dissolved in CHCl3 was slowly dripped from a dropping funnel 
for 1h. The solution was stirred overnight. The organic layer was dried over MgSO4 and the solvent 
was evaporated under reduced pressure afforded the product (0.9 g , 70 % yield) as a solid dark purplish 
powder. 
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Figure 10-11: 13C NMR spectrum of compound 21 (CDCl3). 
 
Scheme 10-7 . 1,10-bis(5-(trimethylstannyl)benzofurane-3-yl)decane (25) 
 
 
1,10-di(benzofurane-5-yl)decane (24): To a solution of 1,10-dibromodecane (1.269 g, 2.1 mmol) in 
dry tetrahydrofuran (15 mL), magnesium turnings (0.22 g, 4.2 mmol) were added portion-wise at rt over 
1h under argon. The mixture was stirred for 4h at room temperature. Then 5-bromobenzofurane (1 g, 
5.1 mmol) followed by dichloro[1,3-bis(diphenylphosphino)propane]nickel (90 mg, 0.16 mmol) were 
added quickly at –78°C under argon. The mixture was warmed to reflux and stirred overnight. After-
wards, a saturated solution of ammonium chloride was added (20 mL). The aqueous layer was extracted 
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with diethyl ether (50 mL) and the organic layer was washed with brine (2 x 20 mL), dried over anhy-
drous magnesium sulfate, filtered and concentrated under vacuum. The residue was subjected to silica 
gel chromatography using hexane as eluent to afford 0.41 g (42%, 1.1 mmol) of a white solid.  
Mp: 43.5-46 °C; 1H NMR (400 MHz, CDCl3-d3): δ=7.25 (dd, 3J = 4.9 & 4J = 3.0 Hz, 2H), 6.95 (d, 3J = 
4.9 Hz 2H), 6.93 (d, 4J = 3.0 Hz, 2H), 2.64 (t, 3J = 7.7 Hz, 4H), 1.67-1.59 (m, 4H), 1.36–1.29  (m, 12H); 
13C NMR (101 MHz, CDCl3-d3): δ=143.31 (2C), 128.38 (2C), 125.14 (2C), 119.87 (2C), 30.68 (2C), 
30.41 (2C), 29.70 (2C), 29.58 (2C), 29.45 (2C); IR: 2918, 2845, 1466, 1431, 1078, 937, 864, 833, 791, 
754, 727, 696, 679, 592 ; MS: 306 (EI): Calcd. [C18H26S2]: 306.15; Elmt. Anal. Calcd [C18H26S2]: C, 
70.53; H, 8.55; Found : C, 70.72 ; H, 8.15 
 
 
Figure 10-12: 1H NMR spectrum of compound 24 (CDCl3). 
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1,10-bis(5-(trimethylstannyl)benzofurane-3-yl)decane (25) : To a solution of compound 24  (0.18 g, 
0.48 mmol) in dry tetrahydrofuran (15 mL) and tetramethylethylenediamine (0.5 g,  0.7 mL, 5 mmol), 
a 2.5 M solution of n-butyllithium in hexane (0.5 mL, 1.22 mmol) was added dropwise at –78°C under 
argon over a period of 15 min. Then the reaction mixture was stirred at –78°C for 30 min and warmed 
to room temperature. After stirring for 1h30 at room temperature, trimethyltin chloride crystals (0.24g, 
1.2 mmol) were added at –78°C. Then, the solution was stirred overnight at room temperature. Aqueous 
ammonium chloride (20 mL) and aqueous potassium fluoride (10 mL) were added. The aqueous layer 
was extracted with diethyl ether (30 mL) and the organic layer was washed twice with brine (20 mL), 
dried over anhydrous magnesium sulfate, filtered and concentrated under vacuum. The residue was 
subjected to reverse phase silica gel chromatography using hexane as eluent to afford a pale brown 
solid. Finally, 0.144 g (45%, 0.2 mmol) of a white solid were obtained after recrystallization in isopro-
panol at –30°C. 
 1H NMR (400 MHz, CDCl3-d3): δ=7.19 (s, 2H), 7.00 (s, 2H), 2.64 (t, 3J = 7.9 Hz, 4H), 1.69-1.55 (m, 
4H), 1.37-1.19 (m, 12H), 0.35 (s, 18H); 13C NMR (101 MHz, CDCl3-d3): δ=144.64 (2C), 137.28 (2C), 
136.74 (2C), 125.79 (2C), 30.89 (2C), 30.12 (2C), 29.73 (2C), 29.62 (4C) -8.13 (6C); IR: 2922, 2899, 
2847, 1464, 1177, 972, 912, 858, 833, 764, 741, 723, 534, 524, 511 ; MS: 634.07 (APPI): Calcd. 
[C24H42S2Sn2]: 634.08; Elmt. Anal. Calcd. [C24H42S2Sn2]: C, 45.60; H, 6.70; Found: C, 45.82; H, 6.09. 
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Figure 10-13: 1H NMR spectrum of compound 25 (CDCl3). 
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Scheme 10-8 Flexibly-linked DPP(TBFu)2 (26) 
 
 
Flexibly-linked DPP(TBFu)2 (26) In a 50 ml round bottom flask 144 mg of compound 25 (0.25 mmol) 
and 22 (140 mg, 0.25 mmol) were added in 10 ml of anhydrous chlorobenzene under an Argon atmos-
phere using 2 mol% of tris(dibenzylidene-acetone)dipalladium and tri(o-tolyl)-phosphine as a catalyst. 
At the end of the polymerization (24 h) the polymer was isolated by precipitation in methanol for 2 h. 
The crude polymer fraction was analyzed through an analytical size exclusion chromatography column 
(SEC) at 80°C using chlorobenzene as mobile phase at 1 mL min–1. Successive fractionation by prepar-
ative SEC (in 80°C, chlorobenzene, 6 mL min–1, 40.0 x 250 mm column, linear M packing, Polymer 
Standards Service GmbH) afforded to selective isolate the high molecular weight fraction with a Mn of 
10.5 kDa and a PDI of 1.4 (vs. PS standards) 
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Figure 10-14: 1H NMR spectrum in CDCl3 of Flexibly-linked DPP(TBFu)2 (26). 
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Scheme 10-9 Flexibly-linked DPP(TBFu)2 (26) 
 
 
Synthesis of 5,12-dibromo-2,9-bis(1-ethylpropyl)-Anthra[2,1,9-def:6,5,10-d'e'f']diisoquinoline-
1,3,8,10(2H,9H)-tetrone.  2,9-bis(1-ethylpropyl)-Anthra[2,1,9-def:6,5,10-d'e'f']diisoquinoline-
1,3,8,10(2H,9H)-tetrone (1 gr mg, 0.1 mmol), was dissolved into 50 mL of CHCl3 , to which 5.7 mL of 
bromine (60 equivalents) was dropwise added. The mixture was allowed to react under reflux for 2 
days. The reaction was monitored by using TLC for 3 h. The excess of bromine was removed by flow 
of N2, and the solvent was removed under vacuum. It was purified by column chromatography on silica 
gel (DCM/hexanel, 5:1 v/v) to afford compound 27 ( isomeric mixture) as a dark-red solid.  
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Figure 10-15: 1H NMR spectrum in CDCl3 of compound (27) 
 
1,1'-(2,5-thiophenediyl)bis[1,1,1-trimethyl-Stannane (28) To a solution of 2,5 dibromothiophene 
(1g, 20 mmol) in dried THF, a solution 2.5 M of nBuLi ( 16 ml, 0.042 mol) was added dropwise at -
78°C. The solution was stirred for 2h at -78°C and slowly warmed to rt and stirred for 1h more. After 
cooling to -78°C a solution 1 M of trimethyltin chloride (40 ml, 0.042 mol) was added in one portion. 
After stirring at -78°C for 2 h, the solution was warmed to room temperature and stirred for overnight. 
The resulting mixture was poured into deionized water and 100 mL of CHCl3. The organic layer was 
washed twice with 50 mL of water and dried over anhydrous Na2SO4. The organic layer was evaporated 
and dried over vacuum to afford a brown solid. The solid was then purified by one recrystallization 
from ethanol to afford the product as white needles ( 6 gr, 73% yield). 1H NMR (400 MHz, CDCl3, δ) 
7.37 (s, 2H), 0.36 (s, 18H).  
 158 
 
 
Figure 10-16: 1H NMR spectrum in CDCl3 of  compound (28). 
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Scheme 10-10 Synthetic path for the synthesis of the di-brominated PDI-T block ( Mn = 7 kDa, PDI 
1.3). Typical values of n = 6-10 repeating units.  
 
PDI-T (br terminated). PBTTT  polymerization conditions were optimized in order to preferentially 
synthetize short chains that exclusively resulted to be end-functionalized with bromine. A ratio of 2 to 
1 of 2,9-bis(1-ethylpropyl)-Anthra[2,1,9-def:6,5,10-d'e'f']diisoquinoline-1,3,8,10(2H,9H)-tetrone (0.1 
gr, 0.145 mmol) to   1,1'-(2,5-thiophenediyl)bis(1,1,1-trimethyl-Stannane) (28) (0.03 gr, 0.07 mmol) at 
100°C in chlorobenzene (5 ml) under inert atmosphere using tris(dibenzylideneacetone)dipalladium (3 
mg) and excess of tri(o-tolyl)-phosphine (9 mg) as catalyst was thus chosen The crude polymer fraction 
was analyzed through an analytical size exclusion chromatography column (SEC) at 80°C using chlo-
robenzene as mobile phase at 1 mL min–1. Successive fractionation by preparative SEC (in 80°C, chlo-
robenzene, 6 mL min–1, 40.0 x 250 mm column, linear M packing, Polymer Standards Service GmbH) 
afforded to selective isolate the high molecular weight fraction with a Mn of 7 kDa and a PDI of 1.3 (vs. 
PS standards) 
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Figure 10-17: 1H NMR spectrum in CDCl3 of PDI-T block . 
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Scheme 10-11. Synthetic path for the synthesis of the alternated multi block copolymer MBC2 ( Mn = 
65kDa, PDI 1.2) after purification by prep-SEC. Typical values of m = 6-8 repeating units.  
                                      
 
 
MBC2 A molar ratio of 1:1 of PDI-T (br) block (7 mg) and PBTTT-tin block (14 mg) was chosen. The 
reaction was run at 100°C in chlorobenzene (2 ml) under inert atmosphere using tris(dibenzylideneace-
tone)dipalladium (2 mg) and excess of tri(o-tolyl)-phosphine (6 mg) as catalyst for 1h. The crude poly-
mer fraction was analyzed through an analytical size exclusion chromatography column (SEC) at 80°C 
using chlorobenzene as mobile phase at 1 mL min–1. Successive fractionation by preparative SEC (in 
80°C, chlorobenzene, 6 mL min–1, 40.0 x 250 mm column, linear M packing, Polymer Standards Service 
GmbH) afforded to selective isolate the high molecular weight fraction with a Mn of 65 kDa and a PDI 
of 1.2 (vs. PS standards) 
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Figure 10-18. Combination of H-NMR (400 MHz) in CDCl3 of PDI-T, PBTTT-tin and MBC2 . 
 
Scheme 10-12.  Synthetic path for the synthesis of the di-stannylated DPP-TT block ( Mn = 5 kDa, PDI 1.2). Typical 
values of n = 3-6 repeating units.  
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DPP-TT. (stannyl terminated): DPP-TT polymerization conditions were optimized in order to prefer-
entially synthetize short chains that exclusively resulted to be end-functionalized with trimethyl tin. A 
ratio of 2 to 1 of 5,5’-trimethyltin thieno[3,2b]thiophene (0.1 gr,0.21 mmol) to  3,6-bis(5-bromo-2-
thienyl)-2,5-bis(2-decyltetradecyl)-2,5-dihydro- Pyrrolo[3,4-c]pyrrole-1,4-dione, (0.12 gr, 0.11 mmol) 
at 60°C in chlorobenzene (7 ml) under inert atmosphere using tris(dibenzylideneacetone)dipalladium (4 
mg) and excess of tri(o-tolyl)-phosphine (15 mg) as catalyst.was thus chosen. Precipitation in butanone 
afforded typical number-average molecular weight (Mn) of 5.5-7 kDa (PDI 1.) against Polystyrene 
standards, calculated by analytical size exclusion chromatography using Chlorobenzene as eluent at 
80°C. 
      
 Figure 10-6b MALDI spctra of DPP-Tin functionalized in reflectron mode 
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Scheme 10-13 . Synthetic path for the synthesis of the alternated multi block copolymer MBC1 ( Mn = 
51 kDa, PDI 1.2) after purification by prep-SEC. Typical values of m = 5-7 repeating units.  
 
 
 
MBC1 A molar ratio of 1:1 of DPP-TT block (5 mg) and PBTTT-Br block (10 mg) was chosen. The 
reaction was run at 100°C in chlorobenzene (1 ml) under inert atmosphere using tris(dibenzylideneace-
tone)dipalladium (2 mg) and excess of tri(o-tolyl)-phosphine (6 mg) as catalyst for 1h. The crude poly-
mer fraction was analyzed through an analytical size exclusion chromatography column (SEC) at 80°C 
using chlorobenzene as mobile phase at 1 mL min–1. Successive fractionation by preparative SEC (in 
80°C, chlorobenzene, 6 mL min–1, 40.0 x 250 mm column, linear M packing, Polymer Standards Service 
GmbH) afforded to selective isolate the high molecular weight fraction with a Mn of 51 kDa and a PDI 
of 1.2 (vs. PS standards) 
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